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Abstract 
Silicon carbide based materials are being increasingly used as a room temperature 
structural material. Unfortunately, there have been very few studies of the mechanical 
behaviour of SiC at room temperature especially studies incorporating slow crack growth. In 
order to address this gap, this thesis will focus on room temperatures only. SiC materials are 
produced with a wide range of grain boundary chemistries and grain morphologies with the 
aid of sintering additives. Therefore, in this thesis two different chemistries were produced 
using solid state (SS-SiC) sintering with carbon and boron or liquid phase sintering (LP-SiC) 
using alumina and yttria, materials with fine and coarse grains were produced for each 
chemistry.  
The fracture toughness at room temperature is improved by a factor of two using LP- 
sintering and by introducing elongated grains. The toughening mechanisms responsible for 
this improvement are discussed. The magnitude of the short range closing forces becomes 
larger as grain size increases irrespective of chemistry. This was expected for materials with 
intergranular failure, but not for materials that exhibit transgranular failure. FIB technique 
was used to investigate the toughening mechanisms of short range cracks and new findings 
are proposed.  
Slow crack growth (SCG) investigations in air and in water at room temperature show that 
the presence of glass pockets and oxide complexions makes LP-SiC materials prone to 
stress corrosion, while materials such as SS-SiC with no glass or oxides in their 
microstructure are immune to SCG. Possible suggestions are discussed to quantify the 
effect of grain size on SCG. For all the studied materials no apparent cyclic fatigue in air was 
observed. This was expected for brittle materials such as SS-SiC, but not for LP-SiC. In 
order to clarify the significance of the measured mechanical properties, a lifetime analysis in 
the presence of artificial and natural defects is presented. 
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1 Introduction 
Silicon carbide (SiC) is a non-oxide ceramic with very strong covalent atomic bonding. 
Thanks to this strong covalent bonding, SiC has high strength at high temperature and good 
resistance to chemical attack, wear and oxidation, which makes SiC an excellent candidate 
for high temperature structural applications. Therefore there is a wide body of research on 
the mechanical behaviour of silicon carbide at elevated temperature and its interaction with 
several combustion environments. 
Silicon carbide’s properties such as a high specific stiffness, low thermal expansion, low 
density and high thermal conductivity, also make it an interesting structural material for many 
applications at room temperatures such as space applications such as the 3.5 m diameter 
silicon carbide primary mirror on ESA’s Herschel telescope [1], for biomedical applications 
i.e. orthopaedic implants [2, 3] and for mechanical seals in hydraulic systems [4]. For these 
applications, one may expect that the components will be stressed for prolonged time in wet 
environments. Components with high toughness and high slow crack growth (SCG) 
resistance are therefore required. SCG occurs when a crack propagates at subcritical stress 
level and the component fails before reaching its maximum strength. Unfortunately, SCG of 
SiC at room temperature is not well understood in the literature. Studying the SCG of SiC at 
ambient conditions may widen the horizon of this material to be used in many different 
applications rather than restricting it to high temperature applications.  
SiC based materials are produced with a wide range of grain boundary chemistries as well 
as a range of microstructures by altering the type and amount of sintering additives. 
Nevertheless, in order to accurately assess the relationship between toughness and the 
sensitivities to slow crack growth, a comparison between different microstructures has to be 
established. Therefore, the first part of this thesis was focused on producing different grain 
boundary chemistries with different grain morphology. 
This work will start with a literature review on how sintering additives alter the microstructure 
of SiC and what the consequences are for the toughness and fatigue of SiC at ambient 
conditions. The aim and objectives are stated in chapter three. The experimental methods 
are given in chapter four followed by chapter five, which contains the results of the required 
microstructures. Chapter six presents the results and discussion of mechanical properties 
including the fracture resistance and closing bridging forces. Chapter seven shows the 
results of static and cyclic fatigue of SiC discussing what may strongly affect the fatigue 
behaviour. A lifetime analysis, which links all the results together and illustrates what it 
means in terms of design selection in real applications is presented in chapter eight. Finally, 
chapter nine summarises the findings and some suggestions for future work. 
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2 Literature review 
The aim of this thesis is to study the effect of grain boundary chemistry and grain 
morphology on the mechanical behaviour of silicon carbide. This chapter will start with an 
introduction about silicon carbide followed by how different microstructures and grain 
boundary chemistry can be produced with sintering aids. The second part will focus on what 
has been done so far to improve the mechanical properties for monolithic ceramics and how 
this can be related to the microstructure. The third part is devoted to static and cyclic fatigue 
behaviour of several monolithic ceramic materials at ambient conditions only.  
2.1 Silicon Carbide (SiC)  
Silicon carbide with chemical formula SiC is composed of tetrahedra of carbon and silicon 
atoms linked by very strong covalent bonding. SiC comes in many polytypes, which can be 
seen as closed packed layers stacked in a certain sequence combined from three possible 
positions for the planes normally referred to as A, B or C [5]. The Ramsdell notation, which 
consists of a number and a letter, is widely used to describe the SiC polytypes [6]. The 
number indicates how many closed packed Si-C layers the unit cell contains, while the letter 
refers to the resulting crystal symmetry. For example, the letter H and C corresponds to 
hexagonal and cubic crystal structure respectively. 
There is a large number of possible stacking arrangements, however only few polytypes can 
be considered thermodynamically stable [7]. The most common and stable SiC polytypes 
are 4H-SiC and 6H-SiC, which are part of the group of polytypes also known as α-SiC, 
Figure 1. On the other hand, 3C-SiC or β-SiC has cubic symmetry but is a less stable 
polytype especially at high temperature. Transformation of the latter into α-SiC is associated 
with the formation of elongated grains [7]. 
 
Figure 1: The most common polytypes of SiC. 4H and 6H structures are considered the most 
stable polytypes, while 3C structure is less stable. Picture is redrawn from [8]. 
27 
 
2.2 Production of silicon carbide’s powder 
Silicon carbide can be found in nature as the extremely rare mineral moissanite. Due to the 
rarity of moissanite, SiC has to be produced synthetically. Edward Acheson was first to 
produce SiC powder synthetically around 1890. Acheson’s attempt was in fact to produce 
artificial diamond by mixing aluminium silicate (clay) with powdered carbon in an iron bowl. 
Instead he found hard blue-black crystals, which he called carborundum, because the 
natural mineral form of alumina is called corundum. Due to the extreme hardness of the 
discovered crystals, he decided to develop an electric furnace to produce more SiC powders 
to be used as an abrasive tool.  
Thanks to his discovery, SiC powders can be produced on a large scale by combining pure 
silica sand and finely ground coke (carbon), where the mixture is built up around a carbon 
conductor in Acheson graphite electric resistance furnace at temperature of 2500 ⁰C. Electric 
current runs through the conductor leading to a chemical reaction between silica and carbon 
to produce SiC and carbon monoxide gas as follows: 
)(2)()(3)(2 gCOsSiCsCsSiO         (2. 1) 
The produced SiC consists of lumps of green to black SiC crystals, which can be crushed, 
ground and meshed into various sizes depending on the required application [9]. The 
obtained SiC powder from this method has a coarse microstructure. Further refining is 
necessary to obtain finer grained powders.  
2.3 Densification of silicon carbide 
A compact of ceramic powders can be transformed into a dense solid by sintering at high 
temperature below the melting point of the powder, however high enough to ensure material 
transport processes take place at a fast enough rate. During densification, highly curved 
surfaces vanish due to the formation of necks between particles and particles approach each 
other resulting in shrinkage of pores and densification occurs. The resulting reduction in 
surface area during densification, is considered the driving force for sintering [10].  
 
In SiC densification may also be accompanied by slow and fast transformation mechanisms, 
where the polytype of SiC transforms from one structure to another depending on the 
temperature, time and sintering additives.  
During solid state sintering, transformation of polytypes is normally slow and takes place via 
diffusion. Diffusion occurs for the atoms in the powder particle along the grain boundaries of 
the particles leading to the particles fusing together to form one solid particle [10, 11].  
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Faster transformation may occur during liquid phase sintering. Typically diffusivities in the 
melt are much higher than in the solid and hence the liquid offers a fast diffusion path, 
provided it completely wets the solid particles [12]. Thus, densification occurs as a result of 
particle re-arrangement due to capillary forces and by flatting of particle contacts, hence 
reducing porosity in the powder. 
The very strong covalent bonding and the extreme low self-diffusion coefficient of Si and C 
atoms makes densification of pure SiC powders almost impossible [13]. The required 
activation energy for self-diffusion is high leading to poor material transport and hence 
making the shrinkage of the compact powder very difficult [13]. Therefore, in order to 
improve diffusion to facilitate densification of silicon carbide at lower temperatures, the use 
of sintering additives is necessary. 
SiC dense materials are fabricated using reaction bonding, pressure-less sintering or hot 
pressing. In reaction bonding, the SiC powder is mixed with carbon and exposed to liquid or 
silicon vapour at high temperature, where silicon reacts with carbon to form additional SiC 
and bonds the original particles together. Silicon carbide produced by reaction bonding gives 
poor mechanical properties for high temperature application, due to the low melting point of 
unavoidable residual silicon (1400 ⁰C) [14]. Pressure-less sintered SiC is produced by 
mixing SiC powder with either oxide or non-oxide sintering additives. The mixture is sintered 
at a temperature, which is below the melting point in an inert gas atmosphere. For hot 
pressing, similar mixtures of powders are used as for pressure-less sintering, but additionally 
pressure is applied at high temperature to accelerate densification. The mechanical 
properties of SiC produced by either pressure-less sintering or hot pressing is determined by 
the type and amount of sintering aids used in addition to sintering parameters [15]. 
2.3.1 Solid state sintering of SiC with boron and carbon 
As mentioned above, the use of sintering aids is essential to improve self-diffusion of silicon 
and carbon atoms making it easier and faster to obtain dense SiC at a reasonable 
temperature. Hot pressing SiC with boron and carbon to densities close to the theoretical 
value of 3.21 gcm-3 was introduced by Prochazka [16] using solid state sintering (SS). Solid 
state sintering takes place normally at temperatures above 2100 ºC due to the absence of 
any liquid melt during sintering [13]. 
His hypothesis why these additives allow sintering to occur is based on the grain boundary 
(ߛீ஻) energy to free surface energy (ߛ௦௦) ratio which he claimed to be extremely high in 
silicon carbide, which leads to a low driving force for sintering and hence hinders 
densification. He proposed that this ratio should reach a specific value such that the 
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equilibrium dihedral angle surrounded by three grains (ߠ) must be greater than 60⁰ as the 
concave interface will enhance pore closure and sintering will take a place as shown in 
Figure 2.    
 
Figure 2: Conditions of dihedral angle for densification of SiC as proposed by Prochazka. 
Picture is redrawn from [17]. 
 
He proposed that the addition of boron will decrease the grain boundary energy due to its 
segregation along the grain boundaries and hence reduce the ఊೄಸఊೄೄ ratio too. This is a 
necessary condition; however adding boron alone is not sufficient to densify SiC powder. 
Therefore, addition of carbon is essential, because it tends to remove the oxide layer from 
the surface of SiC, where it will increase the effective surface energy. Moreover, he 
observed that the source of boron has no effect on sintering SiC. However, the addition of 
elemental carbon did not lead to high densification due to the limited dispersion of carbon 
during mixing and also to the low carbon diffusivity in SiC leading to poor carbon distribution 
over the SiC surface. Therefore, he proposed that carbon has to be added as carbonaceous 
resin to obtain highly dense SiC [17]. 
Gu et al. [18], using electron energy loss spectroscopy, were able to detect boron 
segregated along the grain boundaries of hot pressed SiC with 0.3 wt.% B and 2 wt.% C. 
Moreover, the grain boundaries were free from any oxides and they maintain their covalent 
strong nature, Figure 3. They proposed that boron enhances densification by improving grain 
boundary diffusivity leading to better mass transport. On the other hand, no real data on 
reduction of grain boundary energy was verified. According to Rijswijk et al. [19] and 
Friedrich et al. [20] carbon and boron addition may improve bulk diffusion in sintering silicon 
carbide by a factor of 100. 
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Figure 3: HRTEM micrograph of hot pressed SiC with 0.3 wt.% B and 2 wt.% C. Grain boundary 
clean from any oxides or second phase. Micrograph modified from [18]. 
 
The work of Gubernat et al. [21], who measured dihedral angles of hot pressed silicon 
carbide with 0.5 wt.% boron, or 3 wt.% carbon, or both elements or without any aids, showed 
that there is no significant difference (less than 12%) in ratios of grain boundary energy to 
free surface energy. The grain boundary to free surface energy ratio is obtained as follows 
[17]: 
 
 cos2
SS
GB
         (2. 2) 
This suggests that boron and carbon don’t play a role in modifying the energies of grain 
boundary and free surfaces, which invalidates Prochazka’s hypothesis.  
Recent work by Stobierski and Gubernat [22] showed that a boron content up to 0.5 wt.% 
can be soluble in hot pressed SiC at 2150 ºC with an addition of 3 wt.% of carbon. They 
observed that using 0.0 – 0.1 wt.% of boron content, densities achieved were around 84% of 
the theoretical value with no sign of abnormal grain growth and with grains of 1 µm. 
Abnormal grain growth is noticeable with boron content exceeding the solubility limit of 
0.5 wt.%, Figure 4. They conclude that the range of 0.2-0.5 wt.% of boron at 2150 ºC is the 
optimum range to improve mass transport mechanisms, which supports the work of Gu et al. 
[18].  
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Figure 4: Microstructure of hot pressed SiC with 3 wt.% C and (a) 0 wt.% B, (b) 0.2 wt.% B, (c) 
2 wt.% B and (d) 4 wt.%. Note that increasing the boron content leads to grain growth. 
Micrographs reprinted with permission from [23]. 
 
Ermer et al. [23] observed that it is possible to obtain dense SiC with 95% theoretical density 
by hot pressing SiC with 0.5 wt.% boron only with no carbon addition at all. However, the 
downside is that excessive abnormal grain growth occurs. Grain length varies from few 
dozen up to hundred microns. Moreover, carbon in the form of granules inside the grains 
was observed due to the decomposition of SiC. However, hot pressing SiC with 3 wt.% of 
carbon only did not produce dense material, only 80% theoretical density is achieved. On the 
other hand, when they used both aids with the mentioned contents, densities close to 99% 
are achieved with a coarse grained microstructure; however grains length did not exceed 
30 μm. Therefore, Ermer and co-workers proposed that both carbon and boron are essential 
in densification of SiC, in which boron improves grain boundaries diffusion and carbon 
improves volume diffusion by hindering grain growth. 
Miller et al. [24] proposed that adding 3 wt.% of carbon during pressure-less sintering of SiC 
may remove the silica from the surface of silicon carbide and avoid any reaction between 
SiC and silica. The following reactions would take place by adding carbon to silicon carbide’s 
powder [16, 24]: 
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)(2)()(3)(2 gCOsSiCsCsSiO         (2. 3) 
)()()( sSiCsCsSi           (2. 4) 
  
On the other hand, if carbon is absent in the system, then two possible reactions between 
SiC and silica may take place [25]: 
)()(3)(2)( 2 gCOgSiOsSiOsSiC         (2. 5)  
or 
 
)(2)(3)(2)(2 gCOlSisSiCsSiO         (2. 6) 
It is shown from equation (2.5) and equation (2.6) that silicon carbide is decomposed to form 
silica monoxide and silicon respectively, while more SiC can be produced when carbon is 
added to the system as illustrated in equation (2.3) and (2.4).  
Clegg [26] observed that during pressure-less sintering of SiC, the pore size is increasing by 
increasing temperature with carbon content varying between 0 - 0.5 wt.%. On the other 
hand, pores were shrinking at 2000 ºC when carbon content of 3 wt.% was used. He 
proposed that pore formation was associated due to the reaction of the surface SiO2 with 
underlying SiC particles as explained in equation (2.6). This reaction can be prevented by 
adding enough carbon content to the system as SiO2 reacts with carbon at lower 
temperature (1400 ºC) than it does with SiC (1600 ºC) [26], which is in agreement with the 
work of Miller et al. [24].  
The effect of carbon on the grain size of hot pressed SiC at 2150 ºC was investigated by 
Raczka et al. [27] and Stobierski et al. [28]. They observed that by increasing the carbon 
content up to 16 wt.%, the grain size decreases and no elongated grains are visible even 
though the system contains 0.5 wt.% of boron, Figure 5. Additionally, graphite defects are 
produced when carbon content exceeds 3 wt.%, Figure 6, which supports the work of Ermer 
et al. [23].  
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Figure 5: The microstructure of hot pressed SiC with 0.5 wt.% boron with (a) 1 wt.% C (b) 
4 wt.% C and (c) 16 wt.% C. By increasing the carbon content, more fine grains and formation 
of graphite defects takes place. Micrographs reprinted with permission from [28].  
 
 
Figure 6: TEM micrograph of hot pressed SiC with 0.5 wt.% boron and 4 wt.% C, where the 
dark grain is graphite. Note that no oxides or glass pockets are present in the microstructure. 
Micrographs reprinted with permission from [28].  
 
2.3.2 Liquid phase sintering of SiC with aluminium oxide and yttrium oxide  
Lange observed that hot pressing silicon carbide with the addition of 2.5 wt.% Al2O3 resulted 
in a highly dense SiC with densities over 99% at 1950ºC [29]. The use of an oxide additive 
lowers the sintering temperature by 200 ºC compared to solid state sintering. He proposed 
that the liquid phase (LP) diffusion mechanism is responsible for the densification process as 
it allowed for rapid rearrangements and fast solution re-precipitation of particles and hence 
lower sintering temperature, which is confirmed by the liquid phase sintering model of 
Svoboda et al. [12]. Omori and Takei [30, 31] were able to pressure-less sintered SiC with 
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the addition of 10 wt.% of Al2O3 and 15 wt.% of Y2O3 at 2150 ºC. They also confirmed that 
densification takes place through liquid phase sintering as a result of a the formation of a 
eutectic melt of those additives at 1760 ºC, which in turn enhances mass transport and 
improves bulk diffusion of the SiC system.  
More attempts were conducted to further decrease the sintering temperature to 1880 ºC by 
Sciti et al. [32] on hot pressing SiC with the addition of 6 wt.% of Al2O3 and 4 wt.% of Y2O3. 
They observed that the SiC grains are separated by an amorphous thin layer, which is the 
remnant of the LP medium. A second phase appeared to be present at the triple or four 
junctions of SiC grains, Figure 7. The dark areas in Figure 7 represent SiC grains; however 
the bright areas are locations of such second phase consisting of oxides complexions of Al, 
Y and O, which is confirmed through their energy dispersive spectroscopy analysis. The 
term complexions refer to an interface that has no recognizable volume as it is the case with 
phases [33]. Sigl et al. [34] have confirmed the existence of such an amorphous thin layer 
(Figure 8) and oxide complexions along the grain boundary near SiC grain (Figure 9) 
through EDX analysis of pressure-less sintered SiC at 1950 ºC with 5 wt.% Al2O3 and 3 wt.% 
Y2O3. 
 
 
Figure 7: SEM micrograph of hot pressed SiC with 6 wt.% Al2O3 and 4 wt.% Y2O3 at 1880 ºC. 
Liquid phase is shown as white areas and located along grain boundaries and triple junctions 
of SiC grains. Micrograph modified from [32].  
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Figure 8: TEM micrograph of pressure-less sintered SiC at 1950 ºC with 5 wt.% Al2O3 and 
3 wt.% Y2O3, Note the location of secondary phase and an amorphous thin film width of 1.2 nm. 
Micrograph modified from [34].  
 
 
Figure 9:TEM micrograph and corresponding EDX analysis showing the existence of oxide 
complexions at the grain boundary of SiC grain. Micrograph modified from [34]. 
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She and Ueno studied the effect of different amounts of Al2O3 and Y2O3 varying between 5 to 
25 wt.% on pressure-less sintered SiC [35]. They observed that in order to obtain a highly 
dense SiC, the additive amount has to be 10 wt.% in total. They proposed the following 
reactions that may take place between SiC and the sintering additives during sintering: 
)()()()()( 232 gCOgOAlgSiOsOAlsSiC       (2. 7) 
)()(4)()(2)( 32 gCOgYOgSiOsOYsSiC       (2. 8) 
They assumed that the escape of gasses during sintering such as SiO, Al2O, YO and CO 
may lead to the formation of new pores and hence reducing density. Moreover, the 
volatilisation of liquid phases at high temperatures may result in decreasing density as well. 
Therefore, they concluded that increasing the additive contents to 25 wt.% will be 
advantageous for more evaporation of liquid phases and reactions of SiC with sintering 
additives as explained in equations (2.7) and (2.8) and hence less densification. 
For liquid phase sintering, it is possible to obtain fine and coarse grains by using α-SiC and 
β-SiC respectively based on the work of Gomez et al. [36]. Figure 10 shows an example of a 
microstructure of pressure-less α-SiC and β-SiC sintered with 6 wt.% Al2O3 and 4 wt.% Y2O3. 
It can be seen from Figure 10 that when using α-SiC, a fine equiaxed grain system is 
obtained in contrast to β-SiC, which gives plate–like grains. As explained earlier, β-SiC is 
thermodynamically unstable and it will transform to α-SiC during sintering accompanied with 
grain growth. Similar microstructures were obtained by Lee et al. [37] and Kim et al. [38] for 
pressure-less SiC with 6 wt.% Al2O3 and 4 wt.% Y2O3. Cho and his team obtained similar 
microstructures by hot pressing SiC with 12 wt.% Al2O3 and 8 wt.% Y2O3 [39], Figure 11. 
 
Figure 10: SEM micrographs of pressure-less SiC sintered with 6 wt.% of alumina and 4 wt.% 
of Yttria for (left) α-SiC and (right) β-SiC. Bright areas are remnants of oxide additives and / or 
glass pockets. Micrographs reprinted with permission from [36].  
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Figure 11: SEM micrographs of hot pressed SiC with 12 wt.% Al2O3 and 8 wt.% Y2O3 for (left) α-
SiC and (right) β-SiC, modified from [39]. Bright areas are remnants of oxide additives and / or 
glass pockets. 
 
2.3.3 Liquid phase sintering of SiC with aluminium, boron and carbon 
Shinozaki et al. [40] were able to pressure-less sinter silicon carbide for the first time using a 
combination of 1.2 wt.% B and 4 wt.% C with 1.5 wt.% Al (ABC) as sintering aids at 1950 ⁰C, 
which is 100-200 ⁰C lower than in solid state sintering. They observed that by adding Al, a 
dramatic reduction of large graphite particles were found as Al tends to react with C to form 
Al4C3 in the carbon rich areas. Moreover β to α SiC transformation took place around 
1800 ⁰C. Al concentrations were found at triple junctions and in grain boundaries, which 
confirm liquid phase sintering as the main mechanism for SiC densification. Moreover, the 
microstructure consists mainly of homogenous grains with no abnormal grain growth.  
However, Hamminger et al. [41] observed that no Al segregation was detected in grain 
boundaries of pressure-less sintered SiC if Al content is limited to 0.4 wt.%. Tajima and 
Kingery agree with this as Al has a solubility limit into solid solution of SiC of 0.26 wt.% at 
1800 ⁰C, 0.5 wt.% at 2000 ⁰C and 1.0 wt.% at 2200 ⁰C [42]. 
Cao et al. [43] observed that increasing Al content to 3 wt.% promotes the β to α SiC 
transformation at 1700 ⁰C instead of 1800 ⁰C and a complete transformation takes place at 
1950 ⁰C, Figure 12 . However, they used 0.6 wt.% B and 2 wt.% C to avoid abnormal grain 
growth. They observed the formation of an amorphous thin film (< 1 nm), which consists 
mainly of Al and O along the grain boundary, Figure 13. They proposed that densification of 
SiC using ABC may be due to the liquid phase sintering of Al melt, which is comparable to 
that of alumina and yttria. 
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Figure 12: TEM micrographs of hot pressed SiC with 3 wt.% Al, 0.6 wt.% B and 2 wt.% C at (a) 
1700 ⁰C, (b) 1780 ⁰C and (c) 1900 ⁰C. Note the change of grain morphology from fine to 
elongated by increasing the temperature due to the β to α phase transformation. Micrographs 
modified from [43]. 
 
 
Figure 13: HRTEM micrograph showing an amorphous thin film between two SiC grains, 
micrograph modified from [43]. 
 
Zhang et al. [44] investigated the effect of different contents of Al, B and C on the 
microstructure of SiC. They observed that by increasing the Al content above 4 wt.%, the 
amount of elongated grains will be decreased, however it increases the grain aspect ratio, 
Figure 14. They observed that boron and carbon enhance the β to α transformation due to 
better bulk diffusion in the 3C-grains leading to more elongated grains, Figure 15. 
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Figure 14: SEM micrographs of hot pressed SiC with 0.6 wt.% B and 2 wt.% C and (a) 3 wt.% Al, 
(b) 4 wt.% Al, (c) 5 wt.% Al, (d) 6 wt.% Al and (e) 7 wt.% Al. Micrographs reprinted with 
permission from [44]. 
 
 
Figure 15: SEM micrographs of hot pressed SiC with 6 wt.% Al and different amounts of 
carbon and boron. Increasing boron and carbon enhances the β to α transformation. 
Micrographs reprinted with permission from [44]. 
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2.4 Mechanical properties of SiC 
The strong covalent bonding between silicon and carbon atoms gives SiC materials an 
excellent oxidation resistance, strength retention to high temperatures, high wear resistance, 
high thermal conductivity and good thermal shock resistance. Nowadays, SiC is recognized 
as one of the leading structural ceramics for gas turbines [45], for mechanical seals and 
brakes [4] and for bioengineering application (i.e. implants) [2, 46]. Nevertheless, such 
mechanical properties are strongly affected by grain size, grain morphology and grain 
boundary chemistry that can be produced using different sintering additives as explained 
above.  
On the other hand, there is a limitation to the usefulness of silicon carbide materials due to 
its low fracture toughness and high strength dispersion, i.e. an inhomogeneous and large 
distribution of flaws and defects. Therefore, there are two approaches to improve material 
structural reliability as proposed by Evans [47]; through flaw control or through toughening 
control. Flaw control means eliminating the large flaws through careful processing and 
machining and thus accepting the material’s brittleness. However, improving toughness can 
be achieved by modifying microstructure and / or adding reinforcement in such a way that 
there will sufficient fracture resistance making the strength less sensitive to flaw sizes.  
During the last 30 years a lot of attention has been devoted to improving the toughness of 
ceramic materials to ensure that the damage during processing and post-processing can be 
acceptable without compromising the structure’s reliability. Ceramic materials have been 
toughened using different approaches such as crack deflection due to microstructural 
features ahead of the crack tip and crack tip shielding through for example grain bridging at 
the wake of the crack tip [48], Figure 16. 
Crack deflection is the twist and tilt of the crack front between particles, where the local 
driving force for crack propagation is reduced by enforcing the crack front to change its path 
from the surface of maximum tensile stresses. On the other hand, grain bridging connects 
both crack faces and transmits a closing force across crack walls trying to prevent the crack 
from further extension by reducing the applied stress at the crack tip [49]. The resistance to 
crack propagation due to grain bridging in general increases with increasing crack length, 
which leads to the so called Resistance-curve (R-curve) [50-52], Figure 17. This rise in the 
R-curve will continue until plateau value (steady state) is achieved. The KI0 represents 
fracture toughness at zero crack length. Below this value no crack propagation should occur 
and it is a material property. 
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Figure 16: Sketch showing toughening mechanisms in ceramics, with crack deflection ahead 
of the crack and grain bridging behind the crack tip, picture modified from [53]. 
 
 
Figure 17: Schematic illustration of rising R-curve. KI0 is the fracture toughness at zero crack 
length. Below this value no crack propagation is observed. Plateau occurs when KR,max is 
achieved, picture modified from [54]. 
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2.4.1 Crack deflection 
Faber and Evans [55] proposed a model to explain crack deflection process in materials with 
second phase. They suggest that when a crack interacts with microstructure that has weak 
interfaces or residual strain fields, a crack will tilt out of its original plane at an angle, which 
depends on the orientation and position of particles with respect to the in-coming crack. 
Further crack extension may lead to a twist of crack front if the orientation of adjacent 
particles leads to a tilt of a crack in opposite direction. During crack deflection, the crack 
deviates from the plane normal to the applied stress and the stress intensity at the crack tip 
reduces (reducing the crack driving force) and thus improving toughness. 
Moreover, they observed that crack deflection in silicon nitride with different grain 
morphology is not dependent on particle size, however highly dependent on the morphology 
and aspect ratio of the deflected grains [56]. For example, elongated grains (rod or plate-
like) are very effective in twisting crack compared to tilting a crack by disc shaped grains, 
Figure 18. This indicates that twisting a crack front is more effective in producing crack 
deflection than by tilting a crack. Therefore, crack deflection by twisting contributes 
massively to fracture toughness compared to tilting a crack. This has been experimentally 
verified by Cho et al. [39] on hot pressed SiC with 12 wt.% Al2O3 and 8 wt.% Y2O3 and Lee et 
al. [37] on pressure-less sintered SiC with 6 wt.% Al2O3 and 4 wt.% Y2O3, Figure 19. 
 
Figure 18: Sketch showing crack deflection in microstructure with second phase, which is 
highly affected by grain morphology rather than grain size, picture modified from [55]. Rod-like 
grains are much more effective in twisting the crack front than disk shaped grains. 
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Figure 19: SEM micrographs of crack deflection due to (a) fine equiaxed grain and (b) 
elongated grains. Note the strong deflection by elongated grains compared to equiaxed grains, 
micrographs modified from [37, 39].  
 
Weak interfaces and residual strain fields in general occur in materials with second phase for 
example in liquid phase sintered SiC (LP-SiC) ceramics. This is due to the thermal 
expansion mismatch upon cooling after sintering between SiC grains (≈ 4.5x10-6/⁰C) and the 
second phase in grain boundaries (≈ 8x10-6/⁰C) leading to produce less tough grain 
boundaries compared to the surrounding matrix [57]. Therefore, radial tension and tangential 
compression field will be generated around the oxide inclusions, where they will deflect the 
cracks around the oxide instead of toward the oxide [58]. This will enhance crack 
propagation along the grain boundaries and this type of cracking is known as intergranular 
mode. 
For solid state sintered SiC (SS-SiC), the grain boundaries are considered very strong due 
to the absence of any second phase, which makes crack deflection along the grain 
boundaries very limited and as a consequence cracks propagate through the grains instead, 
which is called transgranular mode [59]. The work of Lee et al. [37, 60] and Kim et al. [58] on 
SS-SiC and LP-SiC support this view as shown in Figure 20.  
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Figure 20: SEM micrographs of hot pressed SiC sintered with (a) 3 wt.% C and 1 wt.% B and (b) 
with 6 wt.% Al2O3 and 4 wt.% Y2O3. Note the straight crack path of SS-SiC compared to the 
torturous path of LP-SiC due to crack deflection process along grain boundaries, micrographs 
modified from [37]. 
 
The effect of grain boundary chemistry of elongated grains on crack deflection was further 
studied by Lee and his co-workers [37]. They observed that the microstructure of pressure-
less sintered SiC with 3 wt.% C and 1 wt.% boron carbide contained elongated grains with 
high aspect ratio, but it still showed a low toughness value (3.5 MPa m1/2) with no distinct 
crack deflection path. They suggest that the main reasons for this low toughness are the 
clean and strong grain boundaries, which prevent intergranular failure, Figure 21. This 
indicates that grain boundary chemistry is more important for crack deflection rather than 
having grains of high grain aspect ratio. 
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Figure 21: SEM micrograph of pressure-less sintered SiC with 3 wt.% C and 1 wt.% B4C, where 
no crack deflection is observed and crack propagation through the grain takes place instead 
along grain boundaries. Micrograph modified from [37]. 
 
2.4.2 Grain bridging 
Based on the model of grain bridging developed by Bennison and Lawn, the fracture energy 
increases due to debonding and pull-out of grains behind the crack tip [61]. They considered 
a grain with residual compression, which will exert an opening force on the crack walls once 
the propagating crack interacts with the grain, Figure 22. With further crack propagation, the 
opposite applies, where now the grain tends to close the crack behind the crack tip. As a 
result of thermal expansion mismatch between the grain and matrix, a strain field is induced 
leading to interfacial debonding. This debonding occurs firstly at the crack plane and 
distributes through the interface. If the grain is completly debonded, it can slide out of the 
matrix. As the grains are pulled out from their socket, they exert frictional closure stress on 
the crack wall preventing it from further propagation and hence improving crack resistance. 
This model is based on long cracks of up to several millimetres, where crack resistance from 
debonding and frictional pull-out zone is considered. Therefore, any features active in short 
cracks regime are not taken into account. The most direct evidence of such grain bridging 
models is observed by Swanson et al. [50] on coarse grained alumina. From their SEM 
micrographs, they observed that grain bridging sites consist of intact grains, which are 
embedded in both crack faces in the wake of the crack, Figure 23. They suggest that such 
bridging sites tend to absorb part of the applied load by transmitting a closing stress along 
the crack faces and hence reduce the stress at the crack tip. 
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Figure 22: Schematic illustration of grain bridging, where (a) illustrates de-bonding process of 
a grain under residual compression stress and (b) grain pull-out process. L is grain length, ࢒ is 
grain width and 2u is crack opening, pictures modified from [61]. 
 
 
Figure 23: SEM micrographs of coarse grained alumina, where (a) shows a grain bridging site 
that is partially debonded and (b) grain pull out, micrographs modified from [50]. 
 
Similar observations were obtained by Padture et al. [62, 63] on pressure-less sintered SiC 
with 20 vol.% of yttrium aluminium garnet, see Figure 24. He contrasted these findings with 
observations for commercially Hexoloy SiC. Initial crack growth during the formation of the 
grain bridging zone leads to resistance curve (R-curve) behaviour, where it increases with 
increasing crack length and continues until steady state is achieved [50-52]. On the other 
hand, Hexoloy SiC shows a flat R-curve during loading with no bridging anywhere. Rising R-
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curves are observed in other ceramics such as coarse alumina [50, 64-66] and silicon nitride 
with plate-like grains [67, 68].  
 
Figure 24: SEM micrographs of pressure-less sintered SiC with 20% volume of yttrium 
aluminium garnet, where (a) shows a grain bridging site and (b) grain pull out, micrographs 
modified from [62]. 
 
Lee et al. [69] obtained similar results on pressure-less SiC sintered with 6 wt.% alumina and 
4 wt.% yttria, however the effect of grain morphology was also considered. They observed 
that elongated LP-SiC exhibits a remarkable rising R-curve from 5 to 7 MPa m1/2 for crack 
propagation from 100 to 1000 µm. On the other hand, fine LP-SiC shows poor R-curve with 
a small increase from 5.5 to 6 MPa m1/2 for the same crack extension. This indicates that 
grain bridging by plate-like grains is highly effective at the wake of the crack tip compared to 
fine grained microstructure within the same chemistry.  
Kim and his team support this discovery based on their observations on hot pressed SiC 
with 7 wt.% alumina and 2 wt.% yttria. The fracture toughness increases from 4.2 MPa m1/2 
to 6.1 MPa m1/2 as the grains grow from fine to elongated shape, which improves grain 
bridging behind the crack tip and is reflected in the observed R-curve behaviour [70]. 
However, the R-curve did not reach the plateau value, because they considered short cracks 
(only up to 300 µm). 
Cho et al. [39] agree with all studies that elongated grains enhance crack bridging, however 
they suggest that grain sizes have to be controlled as exaggerated elongated grains can act 
as fracture origin and reduce strength at room temperature [39]. On the other hand, She and 
Ueno observed that exaggerated elongated grains may improve toughness. They proposed 
that crack deflection may contribute to 20% of the total increase in toughness and the rest 
may come from grain bridging due to intergranular fracture [35]. Kim et al. [71] agree that 
abnormal elongated grains may be responsible for improving fracture toughness as the 
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crack tends to increase its deflection angle for further propagation, however this is not 
advantageous for strength [71]. 
The R-curve behaviour of silicon carbide materials sintered with different additives is 
illustrated in Figure 25. It can be seen that the data are for crack lengths above 50 µm. This 
is because debonding and frictional pull-out are active mechanisms for long cracks [61]. The 
flat R-curve of the solid state sintered SiC suggests that crack resistance is independent of 
crack length. On the other hand, for LP-SiC crack resistance increases with crack length. A 
remarkable rising R-curve can be observes in coarse grained microstructure compared to 
fine grained system. For short cracks up to 300 µm, the steady state region is not developed 
yet and therefore, the R-curve shows tendency for increasing.  
 
 
Figure 25: R-curves for long cracks of SiC materials sintered with different additives (wt.%) 
from literature [69, 70, 72]. Note the rising R-curve of LP-SiC compared to a flat behaviour of 
SS-SiC, thanks to a second phase in the microstructure that is responsible for intergranular 
fracture, crack deflection and grain bridging. 
 
Further improvement of the fracture toughness of SiC to a value of 9.1 MPa m1/2 was 
obtained by Cao et al. [43]. They observed a remarkable R-curve of hot pressed SiC with 
2 wt.% C, 0.6 wt.% B and 3 wt.% Al. In addition to intergranular fracture mode and grain 
bridging, they suggest that crystallisation of an amorphous grain boundary film filled with 
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aluminium and oxygen also contributes to this improved toughness. Although, it is not clear 
why this crystallisation may contribute to toughness improvement, they assume that a fully 
crystallised film leads to an increase in frictional coefficient between the grains and the crack 
faces which in turn increases the grain bridging stress. The bridging stress represents the 
pull-out resistance, which reduces the stress at crack tip and limits crack propagation [73].  
From equation (2.9), it can be noticed that the bridging stress is the product of the residual 
stress acting on the grain and the friction coefficient and it is proportionally related to this 
coefficient [43].  
residualfrictionbridging           (2. 9) 
 
Mai and Lawn proposed a power law function of the stress distribution over the bridging 
zone to be able to determine the magnitude of the bridging stresses by fitting the proposed 
function to the measured R-curves by trial and error [74]. Considering a fully saturated 
bridging zone (L), where a general function that describes the traction bridging force, P(x) as 
a function of the distance behind the crack tip (x) can be obtained as follows [75], Figure 26: 
i
L
xPxP 

  1)( max
         
(2. 10) 
where, Pmax is the maximum bridging force acting at the crack tip and i allows modifying the 
shape of the distribution. Having i value of zero means a uniformly stress distribution over 
the complete bridged zone. However a value of one represents a frictional pull out of a grain 
that has constant geometry over the entire crack opening. Steinbrech et al. [65] have used 
the proposed model on coarse grained alumina and obtained bridging stress value of 
46 MPa for R-curve measurements for long cracks using DCB test. This is in line with the 
bridging stress value of 56 MPa and 60 MPa obtained by Hu et al. [76] and Steinbrech et al. 
[52] respectively.  
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Figure 26: Schematic representation of a crack opening displacement and the bridging stress 
distribution due to grain bridging, picture redrawn from [77]. 
 
Rödel et al. [78] suggest that the bridging stresses relationship to the crack opening 
displacement (COD) is a basic material property and does not vary with specimen geometry 
as it is the case with the R-curve measurements. They assume that the crack is a flat plane 
so that the opening at the surface is a measure for the opening across the entire width of the 
front. Moreover, they neglect the effect of crack path deflections on the normal crack 
displacement. They measured COD profiles using scanning electron micrographs and 
obtained the bridging stress by fitting the measured COD. The stress free (traction free) 
COD is obtained based on Irwin stress intensity field for linear elastic solids as follows [79]: 
 
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(2. 11) 
where, KI is the applied stress intensity, E is the elastic modulus and  is Poisson’s ratio. 
However, the COD due to traction forces are obtained using Barenblatt’s relation for cracks 
under tensile loading [80]:
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(2. 12) 
where, x’ is an integrated variable where the bridging force is acting. Figure 27 shows the 
measured COD (solid points) with best fitting using equation (2.12) for COD due to traction 
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and compared to Irwin parabola (traction free COD). Based on this model, a bridging stress 
of 70 MPa is obtained for alumina, which is in line with the value of 75 MPa of Seidel et al. 
[81]. However, large variation in literature is found for the calculated bridging stress using the 
COD method, for example Hay et al. [64] obtained low bridging stresses ranging between 36 
to 46 MPa, Fett et al. [82] determined a value of 120 MPa and Gallops et al. [83] obtained a 
value of 98 MPa for similar alumina ceramics.  
 
 
Figure 27: COD versus distance behind the crack tip of alumina ceramics. Solid points 
represent measured COD, solid lines best fit COD due to traction and dashed lines are Irwin 
parabola (traction free), picture modified from [78]. 
 
During the last 30 years, the R-curve behaviour of ceramic materials is extensively studied 
for long cracks. What may happen for short cracks (< 100 µm) and its effect on toughness 
has until recently largely been overlooked. A material with flat R-curve may still have a steep 
rise at the beginning of the test as suggested by Fett et al. [54]. Ceramic materials may have 
short cracks in the order of few 10 µm from processing, which are inevitable. If such material 
has a steep rising R-curve, then one may expect that the toughness of such material will 
behave differently for short crack than for long cracks. The understanding of this concept is 
highly relevant as ceramic materials are generally produced with small natural defects [84].
 
Foulk et al. [85] proposed a 2D model of bridging a single elongated grain based on finite 
element analysis during the early stage of the rising R-curve. They showed that elastic 
bridging may undergo five distinct regions before any debonding process takes place: 
propagate, kink, arrest, stall and bridge and further propagation, Figure 28. They observed 
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that a grain can show a dramatic resistance to a stalled crack compared to unkinked crack. If 
the crack arrests in the stalled position, however the main crack front can extend, then 
elastic bridging will be formed. The toughness contribution due to the propagation of the 
stalled crack is considered the highest and it is dependent on grain aspect ratio. Thus, the 
energy (resistance) required to propagate the crack in the stall regime in the coarse grained 
materials is much higher than in the fine grained materials. This increase in crack resistance 
in very short cracks before forming grain bridging is in line with Fett et al. [54]. 
 
Figure 28: Schematic illustration of an elongated grain at an angle (Ɵ), showing the five 
regions of crack propagation (P), kink (K), arrest (A), stall (S) and bridging (B). Picture 
modified from [85]. 
 
Fünfschilling et al. [67] observed that silicon nitride materials sintered with different additives 
show different R-curve behaviour ranging from flat, moderate and rising R-curve. However, 
the main common factor between the studied microstructures is that they all have steep 
rising R-curve in the first 10 µm of crack extension. They observed that the R-curve of silicon 
nitride undergoes four different regions before it finally saturates. The R-curve behaviour of 
hot pressed silicon nitride with 5 wt.% Y2O3 and 2 wt.% MgO (MgY) is selected as one 
example from the seven studied microstructures, Figure 29. They propose that elastic 
bridging, consisting of intact grains that behave elastically with no debonding, is highly active 
in region I for crack lengths up to 10 µm. They observed that 90% of the saturated R-curve 
value is already achieved in this region, in which the largest contribution to toughness 
occurs. In region II a moderate toughness increases over large crack lengths due to partially 
debonding of elastic bridging. On the other hand, in region III, toughness increase occurs 
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due to frictional pull-out of grains from their socket. Region II and III are extensively studied 
and known in literature, as explained above. Once the R-curve reaches the saturated value, 
no distinct increase in toughness is observed.  
 
 
Figure 29: R-curve behaviour of hot pressed Si3N4 with 5 wt Y2O3 and 2 wt.% MgO. The 
proposed 3 stages are shown, where stage I is responsible for the major rise of toughness. 
Picture reprinted with permission from [67]. 
 
2.5 Static fatigue of SiC 
Static fatigue or slow crack growth (SCG) are two terms used to describe the time 
dependent failure when a crack propagates at subcritical stress level. As a result, a material 
can fail without any prior warning before reaching its maximum strength [86]. Static fatigue in 
ceramics was first described by Baker and Preston [87] around 1945. They studied the effect 
of water and the applied load on the degradation of strength of glasses. They observed that 
glass indeed suffers from static fatigue and this sensitivity increases in moist environment 
and with increasing the applied load. They proposed that static fatigue in glass is correlated 
in some way to an activated process by water diffusion into the pre-existing flaws. 
In 1965, Charles and Hillig enhanced the work of Baker and Preston and introduced the 
concept of stress corrosion [88]. Stress corrosion is a chemical reaction between water 
molecules and the material at the crack tip resulting in breaking up the material’s bonds and 
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hence crack advancement. They proposed that this process is a stress activated process 
and as the stress is highest at the crack tip, it will enhance crack growth from the tip until 
fracture.  
A representation of the chemical reactions between glass molecules at the crack tip and 
water molecules from the environment as suggested by Michalske et al. [89] is shown in 
Figure 30. They suggest that the water molecule may destroy the Si-O bonding as its 
hydrogen atom bonds with the oxygen atom from glass and its oxygen atom will form a new 
bonding with Si.  
 
Figure 30: Schematic representation of the chemical reaction between water and glass 
molecules around the crack tip. Step I shows the adsorption of water to Si-O bond, step II 
shows a reaction between water and oxygen from Si-O bond and step III shows a rupture of 
glass bond and forms a new Si-O-H bond. Picture redrawn from [89]. 
 
The detailed work of Wiederhorn on static fatigue of glass introduced a new approach by 
measuring and plotting the crack growth rate as a function of the applied force. This 
approach may give a clear overview of how environment can affect SCG of ceramics [90-
92]. Figure 31 shows the SCG behaviour of glass tested at 25 ⁰C in distilled water and in air 
with different moisture contents (0.017% to 100%) [91]. Figure 31 shows three distinctive 
regions noted as region I, region II and region III. In region I, the crack velocity increases 
exponentially with the applied load and it is dependent on the amount of water present in the 
environment. Also, it can be observed that the curves shift to lower forces with increasing 
water content in the air and the worst case is when samples are tested in distilled water. The 
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applied load can be converted to the applied stress intensity of mode I, KI and slope of 
region I (n) can be found using the following relationship [93]: 
n
IKAv 
          
(2. 13) 
where, ࢜ is the crack velocity, A and n are constant that can be determined experimentally. 
The slope of the ݒ-KI curve is an important parameter as it determines the sensitivity of a 
material to slow crack growth [90]. A typical value of n for glass is 17, which reflects the high 
sensitivity to SCG.  
Region I reflects a stress corrosion process as the crack velocity is activated by the 
accelerating effect of stress on the chemical reaction between glass and water at the crack 
tip, as it was proposed by Charles and Hillig [88]. By increasing the applied load, the crack 
velocity is increasing and vice versa. However, some people believe there is a limit or 
threshold value below which the applied load is too small and no crack growth can take 
place. By defining the threshold value, one may be able to obtain a safe region for 
applications. However, it is very difficult to determine this value due to long testing times 
associated with determining crack advancement at very low speeds.  
The environmental dependence of the crack velocity is related directly to the activation of 
chemical reaction of the surrounding environment. This stress corrosion process may also 
happen in other environments providing it contains polar molecules and it is not restricted to 
water only. 
In region II, the crack velocity is almost constant and does not depend on the applied load, 
while still showing dependency on the environment. Region II can be seen as a plateau, 
where it shifts to lower velocities when the amount of water is decreasing in the environment. 
Region II represents a transport rate limited process rather than reaction rate limited process 
as in region I. This is due to the fact that the stress activated process at the crack tip 
becomes so fast that the rate at which water can diffuse to the crack tip from the 
environment starts controlling the rate of crack growth. Therefore, the crack velocity will be 
stress independent in this region and this is reflected as a plateau in Figure 31. 
An exponential increase of the crack velocity is observed again in region III, but its slope is 
much steeper compared to region I. The crack velocity is very fast where the applied loads 
are near the critical values resulting in fast fracture. Therefore, in this region there is no 
dependency on the moisture content in the environment as the crack growth rate exceeds 
the water molecules transport rate. 
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Figure 31: Crack velocity versus applied force of glass in different environments. by 
increasing the moist content in air, the curve is shifted to lower forces with worse case in the 
presence of water. Picture reprinted with permission from [91]. 
 
Evans observed the slow crack growth of alumina, which is another example of an oxide 
ceramic that also suffers from stress corrosion [94]. Figure 32 shows the difference in static 
fatigue of alumina in inert environment (free of water content) and that with 50% humidity in 
air. The same observations can be made as the ones obtained in glass: crack velocities are 
higher when the water content is high. Moreover, the three regions of SCG are clearly seen 
from Figure 32 with n value of 31 corresponding to region I. He concluded that alumina is 
sensitive to static fatigue, however with better resistance than in glass which is reflected to 
higher n value. Alumina ceramics may have different amounts of aluminosilicate glassy 
phase in the microstructure (grain boundaries or at triple junctions). This indicates that a 
microstructure consisting of bulk glass is more prone to SCG compared to a microstructure 
with less glass or limited in grain boundaries and / or at triple junctions, because slow crack 
growth sensitivity of a given material depends on its affinity to water as proposed by Dillon et 
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al. [33]. SCG of alumina in wet environment was also reported by Ritter et al. [95] and 
Freiman et al. [96, 97]. 
 
 
Figure 32: ࢜-KI curve of alumina ceramic in inert environment and in air at 50% humidity. Note, 
the three regions of SCG and lower K values in moist environment compared to inert [94]. 
 
Graaf et al. [98] showed that it is possible to improve the SCG resistance of glass by 
modifying the microstructure of its networks. They conducted their experiments on 
borosilicate glass, oxide glass (Y-Si-Al-O) and oxy-nitride glass (Y-Si-Al-O-N) in water using 
a four point bend test. They observed that the slow crack growth exponent, n, increased 
from 15 to 21 for borosilicate and Y-Si-Al-O glass respectively. The SCG resistance of 
borosilicate is very similar to that of glass (17), but a moderate resistance is introduced by 
adding Al and Y to the system. However, having N in oxy-nitride glass gives an n of 63. They 
proposed that N added some rigidity to the network by forming covalent bonds with silicon 
resulting in frustrating one of the steps required for stress corrosion and hence improving the 
resistance to SCG.  
Barinov et al. [99] investigated the effect of grain boundary chemistry on SCG alumina using 
three point bending in water. They observed that alumina with 0.1 % SiO2 segregated in 
grain boundaries or at triple junctions has n of 54 compared to 32 for alumina with 5% SiO2. 
This is in agreement with the work done by Ramalingam et al. [100] on alumina using the 
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same test but in 100% humid air. They also observed that increasing the SiO2 content make 
alumina more susceptible to static fatigue compared to alumina with almost no SiO2, which 
is reflected in the n values of 36.1 and 64.7 respectively. They suggest that the grain 
boundary glassy interphase controls the susceptibility to SCG in alumina ceramics based on 
the same principle of stress corrosion.  
Moreover, in another study by Barinov et al. [101] on alumina with 0.5% MgO, slow crack 
growth is detected during dynamic fatigue tests in air and in water. They suggest that the 
ionic Mg-O bonds present in grain boundaries are responsible for stress corrosion in 
alumina. This means that stress corrosion is not limited to Si-O bonds only, but also 
influences metal-oxygen bonds in the microstructure. This is in line with observations by 
Card et al. [102] on silica copper system [two silica glass substrates glued together by 
evaporated copper]. 
Krell et al. [103] studied both the effect of grain boundary chemistry and grain size on 
subcritical crack growth in pure alumina. From TEM analysis, evidence of a glass pocket at 
triple junctions is obtained, however the grain boundaries are clean of any amorphous 
material, Figure 33. They proposed that due to the high purity of the grain boundaries in the 
studied samples, the SCG exponent is higher (47-51) compared to conventional alumina 
samples, which shows n values in the range of 23-36 [104]. They observed that the SCG 
sensitivity of alumina tested in water is independent of grain size, Table 1. Therefore, they 
conclude that grain boundary chemistry controls the susceptibility to SCG rather than the 
grain size. However, the difference in the studied grain sizes is not substantial and therefore 
this conclusion seems to have been reached with little consideration of the effect of much 
larger grain sizes. 
 
 
Figure 33: HRTEM micrograph showing (left) a glass pocket at triple junction of alumina grains 
and (right) a grain boundary free of amorphous material in alumina, modified from [103]. 
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Table 1: Summary of Krell et al. [103] study showing the effect of grain size on the slow crack 
growth exponent, n. 
Material Grain size 
μm 
n 
 - 
Alumina 0.59 47 
Alumina 0.8 49 
Alumina 1.25 51 
 
Therefore, Ebrahimi et al. [105] considered in detail the effect of grain size ranging from 
1.9 μm to 12.7 μm on the slow crack growth behaviour of pure alumina. They observed that 
by increasing grain size, the slope of region I in the ݒ-KI curve increases from 43 to 75 for 
1.9 μm and 12.7 μm respectively for measurement in air using double torsion test, Figure 34. 
Additionally, region II in coarse grained alumina is limited compared to fine grained alumina. 
An increase in crack velocity is observed in region III for fine grained alumina, however it is 
not noticeable in the coarse grained material. The threshold stress intensity needed for crack 
propagation of coarse grained alumina is 25% higher than that of fine grained. They 
proposed that the toughening mechanisms such as crack tip shielding will increase the 
energy needed for crack propagation. These toughening mechanisms are stronger in coarse 
grains than in fine grains, as has been explained above. Hence, as shielding reduces the 
stress intensity at the crack tip, the slow crack growth resistance increases with increasing 
grain sizes [105]. This is in agreement with observations by Pletka et al. [106] and Freiman 
et al. [97] on alumina ceramics.  
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Figure 34: ࢜-KI curve of alumina ceramics in air with different grain sizes using the double 
torsion test [105]. 
 
Silicon carbide has attracted much attention as a candidate material for high temperature 
structural applications and therefore there is a wide body of research on the mechanical 
behaviour of silicon carbide at elevated temperature and its interaction with several 
combustion environments. In those environments, silicon carbide oxidises and this causes 
slow crack growth to become a problem [107-113].  
On the other hand, it was believed that silicon carbide based materials are not susceptible to 
stress corrosion at ambient temperatures due to their strong covalent bonding compared to 
the weak ionic bonding of oxide ceramics. This is in agreement with Chevalier et al. [114], 
where they compare KI0/KIC ratio of different oxide and non-oxide ceramics (with no glassy 
phase) as a function of ionic to covalent bonding ratio, Figure 35. This basically shows that 
by increasing the covalent to ionic bonding ratio, the susceptibility to SCG is decreasing. 
This explains why there is a gap in the literature in studying slow crack growth of monolithic 
non-oxide ceramics at ambient conditions. However, as explained in section 2.2 sintering 
silicon carbide to high density is possible only using sintering aids. Those sintering additives 
play an important role in determining the microstructure and grain boundary chemistries as 
demonstrated in sections 2.2.1 and 2.2.2 and could affect its resistance to SCG. As 
discussed above, such an effect has been already observed in alumina through extensive 
studies in the literature. 
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Figure 35: KI0/KIC ratio versus ionic/covalent ration of several ceramics. A high KI0/KIC ratio 
means high resistance to SCG. Picture reprinted with permission from  [114].  
 
Evans et al. [115] and McHenry et al. [116] are among the very few who have studied the 
SCG of hot pressed SiC with alumina at 25 ⁰C. They conducted their experiments in distilled 
water and in 100% humid air respectively using double torsion tests. The exact amount of 
alumina is unknown as it was commercially supplied by the Norton Company. Therefore, it is 
not possible to investigate the effect of microstructure on SCG in the mentioned studies. 
Figure 36 summarises the results of both studies in terms of crack velocity versus the 
applied stress intensity. From Figure 36, there is only one region visible (region I) with no 
sign of region II and III. Additionally, the ݒ-KI curve shifts to lower KI value when the test is 
conducted in water compared to test in 100% humid air. This indicates the influence of the 
environmental corrosion and its effect on strength degradation, which is in line with the 
theory proposed by Hillig et al. [88]. They obtained n values of 80 and 90 for measurements 
conducted in water and in 100% humid air respectively. The high n values indicate a 
superior resistance to slow crack growth compared to a value of 19 or 31 obtained for glass 
and alumina ceramics respectively [90]. A similar environmental effect was observed by 
Horibe et al. [117] on pressure-less sintered SiC with an aluminium content of 0.39 wt.%. 
They observed that no SCG was detected in experiments conducted in argon gas compared 
to ambient air. They suggest that the Al content may segregate to the grain boundaries of 
SiC making the material susceptible to stress corrosion in the presence of water content. 
This is in line with the work done by Moussa et al. [118]. 
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Figure 36: The ࢜-KI curve of commercially available hot pressed SiC tested in water and in 
100% humid air using double torsion test. There is a shift to lower KI values in data measured 
in water compared to humid air. This shows that stress corrosion is stronger in water than in 
humid air [115, 116]. 
 
Yamauchi et al. [119] investigated the effect of grain boundary chemistry on the SCG 
behaviour of non-oxide ceramics such as silicon carbide and silicon nitride at room 
temperature in air using three point bending tests. They observed that for samples obtained 
from reaction bonding and samples with no oxide additives in their microstructure, slow 
crack growth was not detected. On the other hand, increasing the oxide additives in both 
materials led to significant deterioration of their resistance to SCG, Table 2. They assumed 
that some glassy phase exists at the grain boundaries, which is responsible for the SCG 
behaviour of the studied materials, however no physical evidence of such glassy phase was 
obtained during their study. This is in agreement with Chevalier et al. [114] on the obtained 
࢜-KI/KIC curve of non-oxide ceramics with no glassy phase and compared to oxide ceramics 
with glassy phase, Figure 37. However no real data is reported on how and in which 
environment the ݒ- KI/KIC curve of SiC and Si3N4 was obtained in this study. 
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Figure 37: ࢜-KI/KIC curve of different oxide and non-oxide ceramics illustrating the difference in 
SCG behaviour due to the glassy phase present in the microstructure of oxide ceramics 
compared to no glass in non-oxide ceramics. Graph redrawn from [114] 
 
Choi et al. [120] also suggest that stress corrosion between water and the glassy phase of 
silicon nitride takes place rather than with the matrix itself. Moreover, Choi and his co-
workers observed further improvement in SCG resistance, when grain morphology changes 
from fine grains to rod-like grains, which is also observed in alumina ceramics [97, 105, 106].  
Table 2: Summary of the results obtained by Yamauchi et al. [119] to illustrate the effect of 
oxide sintering additives on the slow crack growth parameter, n of silicon carbide and silicon 
nitride. 
Material Additives 
wt.% 
n 
 - 
SiC 3 B >> 
SiC 3 Al2O3 100 
SiC 5 Al2O3 95 
Si2N3 - >> 
Si2N3 2 MgO 76 
Si2N3 1 Al2O3+3 Y2O3 110 
Si2N3 6 Al2O3+4 Y2O3 53 
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Similar observations of the effect of grain morphology on SCG behaviour of silicon nitride are 
obtained by Himsolt et al. [121]. They found that fracture toughness increases with 
increasing the fraction of coarse grains in the microstructure are associated with reducing 
sensitivity to SCG. They proposed that pull-out process of elongated grains under applied 
stress will lead to an increase in fracture energy and hence more SCG resistance, while the 
opposite is true for fine grains. This is in line with similar study by Hongjie et al. [122] on 
silicon nitride ceramics. The studies on non-oxide ceramics show that microstructure and 
grain boundary chemistry influence SCG behaviour, however the real mechanisms behind 
this behaviour is not well defined in the literature.  
2.6 Cyclic fatigue 
Cyclic fatigue is defined as the strength degradation of a component under cyclic loading, 
which can shorten the material’s life time. Cracking at subcritical loads can also occur as a 
result of cyclic loading [123]. During cyclic fatigue test, a specimen will be loaded under 
varying stresses in which the applied frequency can be sinusoidal, trapezoidal or triangular 
wave form with selected load ratio R (σmin/σmax) [124]. The applied loading mode can be 
tension-tension, compression-compression or a combination of both, see Figure 38. 
 
 
 
Figure 38: Cyclic applied loading modes for (a) tension, (b) compression and (c) tension-
compression. Pictures redrawn from [125]. 
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The crack growth rates in metals under cyclic loading may undergo three different regions, 
which are similar to the regions obtained during static fatigue test. Figure 39 shows the three 
regions for what is generally seen in fatigue of metals, where region I is where crack growth 
is initiated, region II represent stable crack growth and region III where fast fracture takes 
place. The crack growth rate during cyclic fatigue can be described using the same power 
law equation [93]: 
 
mfKA
dN
da )(
         
(2. 14) 
 
where, a is the crack length, N is the number of cycles of stress, ∆K = Kmax - Kmin and A and 
mf are constant that depend on the material, environment and testing parameters [126].  
  
 
Figure 39: Schematic representation of crack growth rate of a metal during cyclic loading. 
Picture modified from [127]. 
 
Figure 40 summarises cyclic fatigue results from literature of metals and ceramics. It can be 
noted that region I and II are absent in ceramics due to the absence of plasticity. Moreover, 
the stable crack growth occurs in region III, which is close to KIC and this means that the 
fatigue testing window is very narrow before fracture occurs. This explains why stable crack 
growth fatigue testing in ceramics is more challenging to control than in metals [53] or in fact 
indicates that ceramics are hardly sensitive to cyclic fatigue.  
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Figure 40: Cyclic fatigue crack growth rate da/dN as a function of the applied stress intensity 
range ∆K for a range of ceramics and metals. Picture modified from [53]. 
 
Hence, it used to be believed that ceramic materials were not susceptible to cyclic loading at 
room temperature due to the absence of enough plastic deformation region [127]. The work 
conducted on SiC by Horibe et al. [117] support this view. They investigated the effect of 
aluminium content on the cyclic fatigue of pressure-less sintered SiC using four point 
bending test. No crack propagation was observed under cyclic loading with SiC materials 
with 0 wt.% and with 0.39 wt.% of Al. They concluded that silicon carbide materials may be 
immune to cyclic fatigue.  
 
Further work by Horibe and co-workers on pressure-less sintered silicon carbide doped with 
boron and carbon has been conducted at room temperature [128]. They observed that 
ceramic materials with transgranular fracture are not sensitive to cyclic loading. They 
suggest that in the case of brittle materials, fast fracture occurs near the critical stress zone 
and no observed stable crack extension under cyclic loading is possible. They also showed 
that silicon nitride with no second phase present in its microstructure still suffers from cyclic 
loading, however it fractured intergranularly. They concluded that the existence of liquid 
phase is not always needed for cyclic fatigue, but fracture mode controls the sensitivity to 
cyclic fatigue.  
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Not only the intergranular failure determines the susceptibility to cyclic fatigue, grain bridging 
degradation of ceramic materials with rising R-curve must be considered as it is proposed by 
Lathabai et al. [129]. They observed that coarse alumina is sensitive to cyclic loading due to 
the degradation of such grain bridging. Based on their in situ SEM observations, they 
proposed that cyclic fatigue occur as a result of a frictional degradation of grain bridging due 
to repetitive loading and unloading (cyclic load), Figure 41 . They suggest that the existence 
of debris at the bridging location is an evidence of this degradation, Figure 42, which is also 
observed by Jacobs et al. [130] during cyclic loading of alumina. The authors suggest that 
degradation of bridging is only possible for coarse grained materials, because fine grained 
alumina didn’t show any sign of cyclic degradation even though it shows a rising R-curve 
[123]. However, cyclic fatigue measurements of the later material were considered for short 
cracks only. It is possible that the crack was not long enough to be on the R-curve plateau 
and therefore grain bridging degradation was not yet developed [123]. 
 
 
Figure 41: SEM micrographs of grain bridging during cyclic loading at: (a) initial loading, (b) 
after 7200 cycles, (c) during unloading and (d) at zero loading. Note that grain is holding both 
crack faces and attempting in closing it. Micrographs modified from [129].  
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Figure 42: SEM micrographs of frictional grain facet under cyclic loading at 2Hz with K = 0.85 
KIC: a) initial crack propagation, (b) after N = 7000 cycles, (c) after N=20000 cycles, (d) N = 
27000 cycles. Note the debris increase at grain facet as the number of cycles increases. 
Micrographs modified from [129]. 
 
Ewart et al. [131] studied the influence of such debris on the crack closure of alumina 
ceramics during compression cyclic loading. They proposed that microcracking induced from 
the stresses localized at grain boundaries due to thermal expansion mismatch will increase 
substantially more under compressive loads than under tensile loads. The microcracks 
located away from the crack plane will be under compressive and shear stresses and 
therefore will promote a failure which depends on the type of microstructure. Microcracking 
will affect crack surface closure during unloading and subsequent compressive loads 
impeding crack closure and therefore producing wedging of the fracture surfaces. This is in 
agreement with the work of Reece et al. [132] on alumina under tension-compression 
loading. They suggest that the far field compressive forces will induce a moment around the 
asperity, which in turn will increase the tensile and shear stresses at the crack tip enhancing 
crack propagation, Figure 43. 
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Figure 43: Schematic illustration of wedging asperity and the introduced moment due to the 
presence of the asperity and compressive forces. Picture modified from [132]. 
 
Han et al. [133] studied cyclic fatigue of small crack (< 250 µm) versus long crack (> 3 mm) 
on hot pressed SiC with 6 wt.% alumina and 6 wt.% yttria. They observed that crack growth 
rate for small cracks produced by an indentation occurs at applied stress intensities below 
those for long cracks from compact tension measurements. On the other hand, no 
substantial difference in crack growth data for small cracks and long cracks was found if the 
stress intensity due to residual stresses from the indent were taken into account during the 
calculation of the total stress intensity, Figure 44. This suggests that defect sizes of 200 µm 
may behave as long cracks under cyclic loading if the indent induced residual stresses are 
considered [133]. This is in line with measurements done on magnesia partially stabilised 
zirconia by Steffen and his group [134].  
 
 
Figure 44: Crack growth data under cyclic loading of small cracks versus long cracks of hot 
pressed SiC with 6 wt.% alumina and 4 wt.% yttria. Note that the short crack data comes closer 
to long crack data if the residual intensity is taken into account. Pictures modified from [133].  
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The grain size effect on cyclic fatigue is also observed in alumina by Ko [135]. The author 
observed that fine grain alumina has in fact better resistance to cyclic fatigue than coarse 
grains; however the real mechanisms behind this behaviour were not studied. On the other 
hand, Dauskardt has proposed an explanation of the mechanisms of such degradation in 
detail [136]. He assumes that once a bridging grain is under loading then it will behave 
elastically until the frictional sliding resistance between the grain and the matrix is overcome 
and then the grain will be pulled out from its pocket. And the opposite is true during 
unloading where the grain will be pushed back to its matrix. This sequence will continue 
during each cycle, which is known as hysteresis, Figure 45. If there is any loss in the load 
versus displacement curve between the loading cycles, then fatigue crack propagation will 
take place. The formation of debris seen in Figure 42, are the cause of such repetitive 
frictional sliding of these sites during cyclic loading, which is in line with the work of Lathabai 
[129]. Cyclic fatigue due to grain bridging degradation is also observed by Rödel et al. [78], 
Guiu et al. [137] and Gilbert et al. [138] on alumina ceramics. 
 
 
Figure 45: Specimen compliance during cyclic loading. Note both effect of elastic and 
frictional bridging during cyclic loading, which causes the hysteresis effect. Picture redrawn 
from [127]. 
 
An interesting result found by Guiu et al. [137] where grain bridging degradation can occur 
also as a result from the friction of the rotation of debonded grains in addition to sliding of 
debonded grains. Their model is quite similar to the one obtained by Dauskardt [136], 
however, the key finding is that elastic bridging forces are taken into account in addition to 
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frictional forces. This is not surprising as frictional of debonded grains are formed from 
previous elastic bridging. They proposed that the applied load initially needs to overcome the 
elastic bridging forces to allow crack propagation. Once the load is high enough to overcome 
this force, then frictional pull out will take place and the reverse sequence will repeat itself by 
unloading the bridging. They suggest that elastic bridging consists of unbroken grains, which 
means that the strength of this bridging and the length of the bridging zone at the crack wake 
depend on the grain size. Therefore, those bridging forces are stronger in coarse grains than 
in fine grains and cyclic fatigue is more noticeable in coarse grains than in fine grains [139, 
140].  
 
Yuan and his group studied the effect of grain boundary chemistry on cyclic fatigue of hot 
pressed SiC with the addition of 2 wt.% C, 0.6 wt.% B and different aluminium content (3-
7 wt.%) [141]. They observed that increasing Al content has changed the grain boundary 
structure from fully amorphous to fully crystalline for 3 wt.% Al and 7 wt.% respectively, 
Figure 46. Moreover, fine grains with scares elongated grains are observed in 7ABC, while 
3ABC has a uniform distribution of elongated grains. They observed that 7ABC SiC did not 
fatigue during cyclic loading at ambient condition instead fractured catastrophically once the 
fracture toughness was reached. On the other hand, 3ABC SiC suffers from cyclic loading at 
ambient condition. No grain bridging in 7ABC is observed and examining the fracture 
surfaces yield a transgranular fracture mode whereas the tough 3ABC shows intergranular 
failure. They confirmed that grain boundary chemistry through fracture mode also play a role 
in addition to grain bridging in cyclic fatigue behaviour of SiC. This is in agreement with 
observations on silicon nitride by Cornelissen et al. [142]. 
 
 
Figure 46: HRTEM micrographs of hot pressed SiC with 0.6 wt.% B and 2 wt.% C and (a) with 
3 wt.% Al and (b) with 7 wt.% Al. Note the effect of Al content on changing the grain boundary 
structure from amorphous to crystalline by increasing Al from 3 to 7 wt.% respectively. 
Micrographs modified from [141]. 
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2.7 Conclusions 
Silicon carbide materials are produced using different additives to achieve very dense 
materials either by solid state sintering or liquid phase sintering. Boron and carbon are used 
as sintering additives to densifying SiC through solid state sintering. It is believed that boron 
improves grain boundary diffusivity leading to better mass transport and hence making 
densification possible. On the other hand, carbon is used to remove the surface silica from 
the SiC particles to avoid a SiC decomposition and form more SiC instead. However, there is 
a soluble limit of the sintering additives in SiC to achieve the ideal microstructure. For boron, 
this soluble limit is considered to be 0.5 wt.%, while it is yet unknown for carbon. However, a 
carbon content of 3 wt.% may be considered sufficient for densification and to prevent the 
formation of graphite defects in the microstructure. It is possible to obtain both fine and 
coarse microstructures by modifying the boron between 0.2 – 0.5 wt.%. The grain 
boundaries of SiC sintered with boron and carbon are clean from any oxides and second 
phase, hence keeping their strong covalent structure. 
The use of liquid phase sintering has an advantage of lowering the sintering temperature up 
to 300 ⁰C compared to solid state sintering. This is due to the fact that a liquid melt will form 
during high temperature leading to rapid rearrangements and fast solution re-precipitation of 
particles during sintering. Alumina and yttrium oxide are widely used as sintering additives to 
sinter SiC to densities above 98%. Liquid phase sintering is also obtained by combining 
boron, carbon and aluminium as sintering additives and densities above 99% are achieved. 
After sintering, the microstructure of a LP-SiC may contain oxide complexions along the 
grain boundaries and glass pockets at triple junctions of SiC grains. 
Using liquid phase sintering led to an increase in toughness value up to 4 times compared to 
solid state SiC materials. The increase in toughness is due to the remnant glassy interphase 
along the grain boundaries, which results in weak grain boundaries and therefore enhancing 
crack deflection and grain bridging. Grain bridging increases toughness as it lowers the 
stress at the crack tip and hence stops crack propagation. Silicon carbide materials with 
secondary phases in their microstructure have a remarkable rising R-curve in contrast to 
carbon-boron doped SiC. However, the short cracks resistance is not well understood 
especially for materials with flat R-curves. 
Slow crack growth in ceramics is a stress corrosion process and it is dependent on load and 
environment. Slow crack growth data can be obtained using many testing methods such as 
double torsion and dynamic fatigue testing. SCG study is very important to determine a 
material’s life time as cracks propagate at stresses much lower than its strength value. To a 
date, there are very few studies on SCG behaviour of non-oxide ceramics at ambient 
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conditions. Additionally, there is no clear understanding on how mechanical properties such 
as toughness and strength can be linked to SCG behaviour of SiC materials.  
Few studies of cyclic fatigue for ceramics at room temperatures show that cyclic fatigue 
occurs as a result of the degradation of toughening mechanisms such as grain bridging. 
Physical evidence of such degradation is observed from SEM micrographs in terms of debris 
around the location of bridging zone. Ceramics with no grain bridging and with transgranular 
fracture mode are believed not to be sensitive to cyclic fatigue. The effect of both grain 
boundary chemistry and grain morphology on the cyclic fatigue of SiC at room temperature 
is not well investigated in the literature. 
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3 Aims and objectives 
The aim of this thesis is to differentiate between the effect of grain boundary chemistry and 
the effect of grain morphology on the mechanical behaviour of silicon carbide at ambient 
temperature.  
In order to achieve this goal, the following tasks were performed: 
- To produce four different microstructures. A pair of liquid phase sintered SiC and 
another pair with solid state sintered SiC with fine and elongated grains for both grain 
boundary chemistries.  
- To measure room temperature mechanical properties such as strength and fracture 
toughness using three and four point bending test.  
- To measure fracture resistance, R-curve using in-situ double cantilever beam in 
order to calculate the closing bridging stresses. 
- To investigate possible toughening mechanisms near crack tip using FIB. 
- To conduct static fatigue in air and in water using four point bending and double 
torsion test to investigate slow crack growth behaviour.  
- To conduct cyclic fatigue in air using four point bending test. 
- To present theoretical case studies using all measured properties to recall their 
significance in terms of using these materials in applications. 
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4 Experimental methods 
In this chapter, the experimental methods used to obtain the required microstructures are 
explained in detail. A description of the characterisation techniques and the mechanical 
testing methodologies are also included. 
4.1 Powder mixing 
In this work, α-SiC (UF-25, H.C. Starck, Germany) and β-SiC (BF-17, H.C. Starck, Germany) 
were used as starting powders. Based on the literature [60], the use of α-SiC produces fine 
grained materials. However, β-SiC powder enhances the formation of elongated grains due 
to the β to α phase transformation [143]. For liquid phase (LP) sintering, alumina powder 
(AKP-30, Sumitomo, Japan) and yttrium oxide powder (Grade C, H.C. Starck, Germany) 
were used as oxide additives. On the other hand, carbon phenolic resin powder CR-96 
(Novolak, Crios Resinas, Brazil) and amorphous boron powder (Grade II, H.C. Starck, 
Germany) were used as non-oxide additives for solid stated (SS) sintering. The properties of 
the powders are listed in Table 3.  
Table 3: Characteristics of SiC powders and sintering additives powders as specified by the 
supplier. 
Powder Grade Surface area  
m2/g 
D90 
µm 
D50 
µm 
D10 
µm 
α-SiC UF-25 23-26 0.8 0.45  0.2 
β-SiC BF-17 16-18 0.8-1.2 0.4-0.6 0.1-0.3 
Alumina AKP-30 5-10 - - - 
Yttria Grade C 10-16 1-2  0.5-0.8 0.2-0.5 
Boron Grade II 18.0 - - - 
 
Four different batches were prepared in total, using either α-SiC or β-SiC powder and adding 
both alumina (Al2O3) and yttria (Y2O3) or boron (B) and carbon (C). Each batch contained 
100 gram of powder mixed with 150 ml of Methyl ethyl ketone (MEK) in polyethylene jars. 
The slurries were ball milled for 24 hours using 10 mm milling media (Union process, Akron, 
USA) of either alumina for batches containing oxide additives or silicon nitride for batches 
with non-oxide additives. 
The milling media were separated from the slurry and the remainder was poured into an 
evaporative flask in order to remove the solvent using a rotary evaporator R-20 (BUCHI 
Rotavapor, Switzerland). The flask containing the slurry was continuously rotated at speed of 
60 rpm inside a hot water bath kept at temperature of 90 ⁰C, which is the boiling temperature 
of the solvent. At the same time, cold water was flowing inside the condenser tubes of the 
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evaporator in order to allow faster solvent condensation. The dried powder product was 
deagglomerated by crushing it using a ceramic pestle and a mortar. Eventually fine powder 
was obtained by sieving the dried mixture through a 100 µm mesh screen. 
4.2 Pyrolysis and thermogravimetric analysis 
The carbon source used in this work was a carbon phenolic resin and therefore the use of 
pyrolysis was necessary to convert it to carbon. The appropriate pyrolysis temperature was 
determined through thermogravimetric analysis (TGA) performed by means of NETZSCH 
(STA 449 F1 Jupiter) machine, where variation in sample’s weight with changing 
temperature were recorded. Four different powders; α-SiC with 3 wt.% carbon phenolic 
resin, β-SiC with 3 wt.% carbon phenolic resin, carbon phenolic resin alone and amorphous 
boron alone were analysed. Each powder mixture was separately heated to 1200 ⁰C at 
heating rate of 10 ⁰C min-1 in air.  
 
 
Figure 47: TGA results of different powders. Note the carbon yield of ≈ 50% after pyrolysis and 
the oxidation of boron around 500 ⁰C. 
 
From Figure 47, one can see that carbon phenolic resin starts pyrolysis around 400 ⁰C with 
carbon yield of approximately 55% and the amorphous boron starts to oxidize around 
550 ⁰C. As a consequence of these results, the pyrolysis temperature was set to 400 ⁰C with 
flowing argon gas at a heating rate of 10 ⁰C min-1 in a furnace (Lenton, model 16/450 Hope, 
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UK). This temperature was kept for 1 hour followed by cooling down at a constant rate of 
20 ⁰C min-1 until room temperature. 
4.3 Hot pressing  
During hot pressing, powder mixtures are densified by applying pressure at the required 
sintering temperature. The compression of the powder mixture takes place in a cylindrical 
graphite container, which is coated by graphite paper. One graphite pad of 40 mm thickness 
and two graphite pads of 10 mm thickness each are inserted in the cylinder and placed one 
on top of the other. The powder mixture is then poured and covered by another two graphite 
pads and pre-pressed at 3 tons for 10 seconds to compact the powder.  
New graphite papers were used in each sintering trial as they get attached to the sintered 
disk’s surface. The main purpose of using graphite paper is to avoid any reaction between 
the powder mixture and the graphite tooling; otherwise it would make it very difficult to 
remove the sample after sintering. Additionally, it prevents damage the die. 
The hot press process was carried out by means of graphite hot press furnace (FCT, 
Rauenstein, Germany) with integrated software for storing different sintering recipes and to 
recording all sintering data for further evaluation if needed, Figure 48. Temperature up to 
1200 ⁰C was controlled by a Tungsten Rhenium thermocouple, while higher temperatures up 
to 2400 ⁰C were measured using a pyrometer. 
 
Figure 48: FCT graphite hot press furnace at Imperial College London, where the four silicon 
carbide materials were produced. 
 
The die was positioned between two hydraulic rams as shown in Figure 49. After reaching 
the desired sintering temperature, a pressure of 25 MPa was maintained constant during the 
required hot press time. After the hot press process was finished, the furnace was left to cool 
down to ambient temperature. Then, the whole assembly was dismounted and the sintered 
78 
 
disk was separated. The thickness of the sintered disk depends on the amount of powder 
used and varied between 3 and 6 mm. 
 
 
Figure 49: Graphite die and hydraulic ram’s structure of the FCT hot press furnace. 
 
4.4 Powder compositions and hot pressing conditions 
For the fine and coarse grained liquid phase sintered materials, 6 wt.% of alumina and 4 
wt.% of yttria were used in all trials [60]. For LP-Fine, only one trial was conducted at 
1950 ºC with 0.5 hour hot pressing time [38]. In the case of LP-Coarse, two trials were 
initially conducted using α-SiC as starting powder. Both trials were hot pressed for 3 hours, 
but at 1950 ºC and 2050 ºC respectively [70]. Afterwards, both trials were repeated, but with 
the use of β-SiC as starting powder instead of α-SiC.  
In the case of the solid state SiC, the situation was more complicated. In addition to the hot 
pressing schedule and the SiC starting powder, the boron content played an important role 
in determining the microstructure [22, 144]. However, the carbon content was kept constant 
at 3 wt.% to achieve the highest densification as it was suggested by Stobierski et al. [27]. 
For the SS-Fine, two trails were conducted using 0.1 wt.% and 0.2 wt.% of boron at 2050 ºC 
for 0.5 hour sintering time. In the case of SS-SiC, trails were conducted using β-SiC only but 
with different boron content varying from 0.3-0.5 wt.%. Initially, the sintering temperature was 
set at 2050 ºC and 3 hours sintering time. Afterwards, the temperature was increased to 
2150 ºC for a trial with a boron content of 0.5 wt.% only. Table 4 shows all trials of this study 
with the powder compositions and the hot pressing conditions. All hot pressing schedules 
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were carried out in flowing argon gas with heating rate of 10 ⁰C min-1 and cooling rate of 
20 ⁰C min-1. 
Table 4: Powder weight compositions and hot pressing schedule of this work. 
Microstructure SiC 
type 
 
Sintering additives 
wt.% 
Temperature 
ºC 
 Time 
Hour 
LP-Fine α-SiC 6 Al2O3 + 4 Y2O3 1950 0.5 
LP-Coarse α-SiC 6 Al2O3 + 4 Y2O3 1950 3 
LP-Coarse α-SiC 6 Al2O3 + 4 Y2O3 2050 3 
LP-Coarse β-SiC 6 Al2O3 + 4 Y2O3 1950 3 
LP-Coarse β-SiC 6 Al2O3 + 4 Y2O3 2050 3 
SS-Fine α-SiC 0.1 B + 3 C 2050 0.5 
SS-Fine α-SiC 0.2 B + 3 C 2050 0.5 
SS-Coarse β -SiC 0.3 B + 3 C 2050 3 
SS-Coarse β-SiC 0.4 B + 3 C 2050 3 
SS-Coarse β-SiC 0.5 B + 3 C 2050 3 
SS-Coarse β-SiC 0.5 B + 3 C 2150 3 
 
4.5  Microstructure characterisation 
4.5.1  Scanning electron microscopy (SEM) 
A scanning electron microscope generates a high quality image of a sample by scanning its 
surface using energy electrons from a primary beam. Once the incoming electrons hit the 
sample’s surface, they penetrate some distance into the sample and interact with its 
electrons or nuclei, which are known as the interaction volume, see Figure 50.  
Two types of scattered electrons are given out, secondary electrons are generated when a 
primary electron knocks out a sample’s electron and backscattered electrons are those 
interacting with the sample’s nuclei and leaving with little or zero energy loss. Different 
detectors are used to detect these types of electrons. Another type of detector is an energy 
dispersive X-ray (EDX) detector; this detects the X-rays which are generated after electrons 
are knocked out from their specific orbits of an atom in the sample. The secondary electron 
and backscattered electron detectors give images of the samples surface, while the EDX 
detector gives an analysis of the elemental composition of the surface. 
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Figure 50: SEM layout with the interaction volume between a primary electron beam and the 
sample. 
 
For microstructure imaging, a Hitachi (S-3400N) was used in secondary electron mode with 
an accelerating voltage of 15 kV. For EDX analysis a JEOL (JSM6400) was used with an 
accelerating voltage of 20 kV. As preparation for SEM imaging, each sample was ground 
using diamond grinding disks ranging from 70 µm to 15 µm. To obtain very smooth and 
mirror-like surface, the samples were then polished by means of polishing clothes and 
diamond suspension with particle sizes starting with 9 µm and finishing with 1 µm. Due to 
the electrical conductivity of the silicon carbide samples, the application of gold coating was 
not necessary for the preparation for in situ imaging. 
4.5.2  Focused Ion Beam (FIB) 
Focused ion beam (FIB) operates in a similar way to a SEM, except that in a FIB system a 
beam of gallium ions is used instead of electrons. The gallium ion beam can operate in low 
beam current for imaging and high beam current for sputtering or milling of a material in a 
very precise and controlled process. FIB is widely used to prepare thin samples for 
transmission electron microscopy (TEM) and obtaining 2D and 3D structures of a material to 
investigate specific features that are not possible to gain from SEM micrographs or to study 
them from different perspectives.  
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In this work, the slice and view method is conducted using FIB (Helios NanoLab 600) in an 
attempt to obtain the following: 
-  A 3D reconstruction of a crack tip front to investigate the shape of the crack front. 
- Crack fracture mode; intergranular versus transgranular. 
- Evidence of elastic bridging zones acting near the crack tip. 
The samples were prepared in a very similar way as explained previously in SEM section. 
Additionally, a crack is introduced by placing an indent of 30 Kg on the polished surface. 
Figure 51 shows the sample with the cracks initiated by the indent and the XYZ coordinates. 
During SEM examinations, the crack path is observed in the XY plane, however using FIB 
technique is possible to observe the same features from different perspective. 
The area of interest is selected once the crack tip is observed. The dimension of this area is 
4 µm by 5 µm by 5 µm taking into account a safety margin in the X direction to ensure that 
the crack tip is included. The area of interest is protected by platinum deposition in order to 
prevent damaging the material from the destructive gallium ions. The stage is tilted to 52º 
with respect to the horizontal in which the sample surface is normal to the ion beam. Three 
trenches are milled around the area to be examined as illustrated in Figure 52 to facilitate 
the observation of the slices. During trench milling, acceleration voltage of 30 kV and beam 
current of 21 nA were used. During slice and view process, the beam setting was at 30 kV 
and current of 0.46 nA and the slice thickness was chosen to be 30 nm. Figure 53 shows a 
complete preparation of a sample before starting the slice and view process. 
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Figure 51: Sketch showing the selected coordinates to identify planes and region of interest 
for the FIB slice and view process. 
 
 
Figure 52: SEM micrographs of the area of interest and trenches around it before FIB milling. 
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Figure 53: SEM micrograph for a ready sample to be examined using the slice and view 
process using FIB technique after trenching the surrounding areas. 
 
4.5.3  Transmission electron microscopy (TEM) 
The structures and chemistries of the grain boundaries were characterized by Transmission 
Electron Microscopy (TEM). Cross-sectional TEM foils were prepared by focused ion beam 
(FIB) milling using Helios NanoLab 600. TEM work was carried out on a FEI Titan 80-300 
operated at 300 kV, equipped with a monochromator and a Cs aberration image corrector. 
Scanning transmission electron microscopy (STEM) high angle annular dark field (HAADF) 
micrographs were acquired with a collection semi-angle >101 mrad. Energy dispersive X-ray 
spectroscopy (EDS) and electron energy loss spectroscopy (EELS) were performed in 
STEM mode, and the incident angle α and collection angle β for EELS acquisitions were 
~10 and ~14 mrad, respectively. The samples and TEM results were obtained in 
collaboration with Dr Na Ni and Dr Jianye Wang. 
4.5.4  X- Ray Diffraction (XRD)  
X-ray diffraction technique was used to identify the crystal structure and silicon carbide 
polytypes. The basic components of X-ray diffractometers are an X-ray tube, a sample 
holder and an X-ray detector. The X-ray tube emits electrons towards the target material that 
is a pure metal like copper or molybdenum, which is water cooled. Once those electrons 
have enough energy to expel inner (K) shell electrons of the target material, other electrons 
from higher level shells take the vacant K-shell and as a consequence X-ray spectra are 
generated with a wavelength being characteristic of the metal target material. 
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The generated X-rays are pointed towards the sample of the material to be analysed, which 
is rotated at an angle θ from the X-ray tube, while the X-ray detector is positioned at an 
angle of 2θ. The intensity of the reflected X-rays is recorded and in accordance to the 
Bragg’s law, constructive interference takes place and an intensity peak is obtained, Figure 
54.  
 sin2  dz           (4. 1) 
where, z is an integer, ߣ is the incident X-ray wavelength, d is the spacing distance between 
the planes in the atomic lattice and θ is the angle between the incident X-ray and the 
scattering planes. 
 
Figure 54: Bragg's law conditions during XRD. 
 
The existing samples were crushed to fine powder using a ball milling machine (Glen 
Creston 31-700, UK) and placed on the sample holder. X-ray spectra were obtained using 
Philips (X’pert Pro, The Netherlands) equipment with CuKα wave length of 1.5418 Å and 2θ 
range of 10-70⁰.  
In order to determine the different polytypes, the method of Ruska et al. [145] was used. This 
method determines the volume fraction of each polytype present in the material from the 
XRD measured peak intensities in a 2θ range of 33 - 42⁰. Ruska and co-workers calculated 
the X-ray intensities for 15R, 6H, 4H and 3C polytypes of SiC using the following equation: 
12  VLPFmIn          (4. 2) 
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where, In is the intensity normalised to the unit cell volume V, LP the Lorentz polarization 
factor, F the structure factor and m the multiplicity. 
The calculated X-ray intensities from equation (4.2) were used to derive a set of equations to 
determine the polytype content in volume fraction a, b, c and d as shown in Table 5. The 
volume fraction a corresponds to 15R polytype, b for 6H polytype, c for 4H polytpe and d for 
3C polytype. A to F in Table 5 are the measured X-ray intensities from XRD, which are used 
to calculate the unknown parameters a to d. 
Table 5: Ruska et al. [145] set of equations to determine SiC polytypes from measured XRD 
peaks.  
15R 
a 
6H 
b 
4H 
c 
3C 
d 
= Fitted peak 
from eq. (4.3) 
3.2  + 9.9  = A 
11.2 + 9.4   = B 
26.0  + 38.9  = C 
31.1 +59.2 + 25.1 + 100 = D 
 +18.1 + 34.1  = E 
2.4 + 6.5  +13.1 = F 
 
However, before solving the equations in Table 5, the measured A to F peak intensities were 
firstly fitted using the Lorentzian function as follows: 
4
)(2
)( 2
0


xx
A
xL p         (4. 3) 
where, L(x) is to be calculated peak intensity at position x, x0 is the centre of the peak and
is the peak width and AP is the area under the peak, which can be found as follows: 
2
)( 0
 xLAP
         
(4. 4) 
Now the calculated L(x) from equation (4.3) will be used as the peak A to F in Table 5. By 
finding the best solution to this set of equations using Matlab software, it was possible to 
calculate the volume fraction a to d of each polytype.  
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4.5.5  Grain size measurement 
In order to perform grain size measurements of the studied materials, all four representative 
samples were chemically etched to make the grains visible. Boiling Murakami solution [146] 
was used as a chemical etchant; consist of 50 ml distilled water with 10 gram of Potassium 
hydroxide (KOH) and 10 gram of potassium ferricyanide (K3[Fe(CN)6]). Once the chemical 
solution started to boil, the polished samples were added to the etchant and kept for 30 
minutes. The samples were then removed and cleaned using distilled water to remove any 
residue from the chemical solution and were ready for SEM observations.  
 
The linear intercept method was used to determine the grain size for samples having 
equiaxed grains. In accordance with this selected method, random lines in different 
orientations were drawn on the SEM picture by means of Image-J software. By counting the 
number of segments each line intersects with a grain boundary and dividing it by the total 
line length, the number of intersects per unit length is obtained. The average intercept length 
over a large number of grains was calculated and multiplied by a factor of 1.570 [147] to 
estimate the average grain size. In total, 300 grains were taken into account for grain size 
analysis. 
 
For samples with bi-model grains system, the average length and average width of 300 
grains were measured using Image - J software. Additionally, grain size distribution analysis 
was obtained by means of GIMP 2 and Image - J software. In some cases, there was no 
clear distinction between grains and grain boundaries, which made the grain recognition 
results obtained by Image - J not satisfactory. In order to improve the results, all grains were 
individually highlighted in darker colours than their grain boundaries using GIMP 2 software. 
The obtained image was converted to binary by means of an integrated Image - J feature, 
where all grains were represented in black, while the rest was white, see Figure 55. Prior to 
its analysis, the scale of the SEM micrograph had to be defined in Image-J and the scale bar 
was deleted leaving only grains behind. The minimum and maximum particle size for 
detection was set between 0 to infinity in order to capture all grain sizes without any 
exclusion. In total 600 - 700 grains were used in this analysis and the result was obtained in 
terms of grain size and the median (D50), D90 and D10 were calculated. The median (D50) 
represents a value where half of the grain sizes falls below this value. While D90 represents 
90% of the grain sizes below this value and 10% of the grains sizes are below the D10.  
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Figure 55: Steps required for obtaining grain size distribution analysis using Gimp 2 (step 1) 
and Image - J software (step 2 and 3). 
 
4.5.6  Density measurement  
Samples of 20 mm by 20 mm were cut from the sintered disk. The actual density was 
measured using Archimedes’ principle with water as immersion media according to the 
ASTM standard C830-00.  
The sample was heated to 100 ⁰C for 3 hours inside a furnace. Subsequently, the dry mass 
was measured in air. The sample was immersed in distilled water inside a desiccator, which 
is connected to a vacuum pump in order to remove any air bubbles trapped inside the pores. 
Once no air bubbles were visible to the eye, the saturated sample was extracted from the 
desiccator. The sample was placed inside a beaker filled with water and the submerged 
mass was measured. The saturated mass measurement was performed in air by removing 
the water carefully from the sample’s surface using damp cloth avoiding drying it out 
completely. The following equation was used to calculate the density [148]:  
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water
ws MM
M            (4. 5) 
where, ρ and ρwater are the density of a sample and water respectively, M is the dry mass 
and Ms and Mw are the saturated and wet mass respectively. The relative density of each 
mixture was obtained as follows: 
%100
ltheoretica
relative 
         (4. 6) 
The so called “rule of mixture” was used to determine the theoretical density of each mixture 
by using the following relations: 
total
total
mixture V
M          (4. 7) 
....321  MMMMtotal         (4. 8) 
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MMMVtotal         (4. 9) 
where, ρ is the density, M is the mass and V is the volume. The numbers 1 through 3 
represent different elements in the sintered samples. The theoretical density of silicon 
carbide was taken as 3.21 g cm-3, for alumina was 3.95 g cm-3 and for yttria and boron were 
4.5 g cm-3 and 2.34 g cm-3 respectively. The carbon phenolic resin’s density was not taken 
into account during calculation as the majority of free carbon will react with silicon to form 
more SiC. The average relative density value was based on four measurements for each 
material with an estimated error of 0.1%.  
4.6  Mechanical properties 
4.6.1  Young’s modulus 
The elastic or Young’s modulus was measured using the impulse excitation of vibration 
technique [149] by means of a Resonance Frequency and Damping Analyser (RFDA, IMCE, 
Diepenbeek, Belgium). The sample’s dimensions, weight and Poisson’s ratio were used as 
input parameters. The selected sample was placed on two adjustable wires, with a ceramic 
tapping device positioned below and a recording microphone above it, Figure 56. The body 
was tapped gently to create a slight vibration only, but not to move the sample from its 
supports. The vibration was recorded by the microphone, which was connected to a signal 
amplifier that transforms this vibration into an electrical signal. A frequency analyser uses 
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this signal to determine the resonant frequency and then the Young’s modulus was 
calculated using the following equation [149]: 
13
32
9465.0 T
t
L
w
mfE r 





         (4. 10) 
where, E is Young’s modulus, m and t are the sample’s weight and thickness respectively, ௥݂ 
is resonant frequency, w and L are sample’s width and length respectively and T1 is a 
correction factor that depends on the L/t ratio and the Poisson’s ratio [149]. The average 
elastic modulus value was calculated from 6 measurements per material with an estimated 
error of 4%. 
 
 
Figure 56: RFDA test set with SiC sample for elastic modulus measurement. 
 
4.6.2  Fracture toughness  
In this work, the three point bending testing method with single edge notch beam was used 
to measure KIC according to the American standard testing method ASTM C1421-10. An 
advantage of this test is the simplicity of the sample’s shape with no complex features, 
therefore can be easily machined.  
The specimens of 40 mm length by 4 mm width by 3 mm thick were machined from 80 mm 
diameter disk using a surface grinder with a diamond wheel of 1.3 mm thickness. A pre-
notch of 0.8 mm length was introduced in the centre of the tensile side of the specimen by 
means of an Isomet 1000 (Buehler, UK) cutting machine with 0.3 mm thick diamond blade. 
From literature review, it was concluded that the value of KIC increases when the notch root 
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radius is higher than 50 µm resulting to an overestimation of KIC [150]. In order to obtain 
reliable fracture toughness values, the notch root radius must be refined. To do this, a razor 
blade machine was built and a sharp razor for every specimen was placed over the cut 
notch, Figure 57. The razor blade was sliding repeatedly over the notch under a weight of 
circa 150 gram with the addition of 1 µm diamond suspension for a total duration of 4 hours. 
The obtained root notch radius was 15 - 20 µm for all samples (Figure 58). 
 
 
Figure 57: Razor blade machine set up with the selected load and 1 µm diamond suspension 
used during sharpening of the notch in SiC samples. 
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Figure 58: SEM pictures showing the notch root radius after applying the razor blade machine. 
 
The specimen was placed in a three point bending jig of Zwick Roell (704545, Germany) 
machine, where the pre-notch surface is loaded under tension. The span length was 24 mm 
and the tensile surface was 3 mm by 40 mm. The KIC was measured at room temperature 
with a crosshead speed of 0.05 mm min-1. The average crack length was measured on 
fractured surfaces of the sample using a Novex RZ inverted optical microscope at the centre 
of the crack front (a0.50) and half way in front of the centre of crack front (a0.25) and half way 
behind the centre of crack front (a0.75), (Figure 59). 
 
 
Figure 59: SEM picture of a fracture surface showing crack length at 25%, 50% and 75% of 
crack front to obtain the average crack length. 
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The fracture force was recorded at the end of each test and 6 specimens were fractured in 
total for each materials type to determine the average KIC value. The following equations 
were used [151]: 
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where, KIC is the fracture toughness (MPa m1/2), ܽ is the average notch length measured 
after fracture (m), ݓ is the specimen’s width (m), Fmax is the maximum force at which the 
specimen fractured (N), ܵ is the outer span length (m) and t is the specimen’s thickness (m). 
The average KIC values were obtained with an estimated error of 0.2%. 
 
4.6.3  Flexural strength  
The flexural strength was measured using a four point bending rig of Zwick Roell (model 
608609) according to the American standard testing method ASTM C1161-02C. Specimens 
measuring 40 mm length by 4 mm width by 3 mm thick were machined from 80 mm disks. 
All corners were bevelled by means of a 70 µm diamond grinding disk to eliminate any 
stress concentration from machining. The tensile surfaces were polished to 1 µm using 
diamond suspension to obtain mirror like surface.  
The strength was measured with an inner span of 15 mm and outer span of 30 mm at cross 
head speed of 1 mm min-1. A total number of 17 specimens were tested in air for each 
material. For every test, the fracture force was recorded and strength values were calculated 
using the following relationship, which is valid if the inner span half equals the outer span 
[152]: 
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where, Fmax is the fracture force, Souter is the outer span and w and t are the sample’s width 
and thickness respectively.  
Ceramic materials with identical sample size show large variation in strength due to different 
flaw shapes and sizes distributed in its body [153]. This flaw distribution is related directly to 
the measured strength. Unlike metals, ceramic strength values distribution has an 
asymmetrical distribution. Therefore, Weibull distribution is used to describe the variability in 
strength as a function of defect size. Weibull distribution is based on the weakest link model, 
where the most serious defect controls the strength. Weibull proposed that the probability of 
failure (Pf) that a specimen will fail under stress (σ) in uniform loading can be given as 
follows [154]: 

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

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        (4. 15) 
where, σ0 is the characteristic stress at which 63.21% of the samples would fail and m is the 
Weibull modulus. The m value shows the scatter of the strength distribution, where higher 
value corresponds to narrow scatter of the strength measurements and hence the higher the 
structural reliability. The measured strength values are ranked from low to high and the 
probability of failure (Pf) can be found using the following equation [155]: 
4.0
3.0


N
jPj
           
(4. 16) 
where, j represents the rank number of a sample in terms of strength (j = 1 for the lowest 
strength sample) and N is the total number of tested samples. Now, the parameter m and σ0 
can be found as follows by rewriting equation (4.15): 
0lnln1
1lnln  mm
Pf









        (4.17) 
The Weibull parameters; m and σ0 are found as the slope and intercept respectively from the 
curve of 







 fP1
1lnln versus ln σ. 
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4.6.4  Resistance curve (R-Curve) 
Fracture toughness can vary with crack length under applied load which leads to obtaining 
the well-known resistance curve (R-curve). In this thesis, a customised double cantilever 
beam (DCB) test rig was built in line with the rig proposed by Sorensen et al. [156] and was 
directly connected to the SEM equipment to achieve in situ measurement. The main 
advantage of this test is that the crack growth resistance can be determined from the applied 
moment alone, which means there is no need to perform crack length measurements in 
order to obtain the crack driving force. The main disadvantages of this testing; are that the 
samples were difficult and expensive to machine due to their complex design.  
The test specimens were 65 mm length by 10 mm width by 5 mm thick. One side of the 
samples was polished to facilitate crack tip observation. A pre-notch of 2.0 mm was 
introduced by means of Isomet 1000 (Buehler, UK) cutting machine with diamond wheel of 
0.3 mm thick and a sharp crack was obtained using the bespoke razor blade machine. A 
groove of 1.3 mm width was machined at the back of the sample using the surface grinder in 
order to guide the direction of the crack and minimize crack deviation. As a consequence, 
the remaining ligament of the grooved side was 2 mm (Figure 60). 
 
 
Figure 60: Sample's dimensions after machining the groove. 
 
The test rig consists of a base part, two loading parts, four rollers and a bronze strip. The 
base part is mounted on a stage which was connected to the SEM equipment and was 
driven by a motor. The DCB specimen was fixed on the loading parts at each side (Figure 
61) by using the bronze straps.  
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Figure 61: Photograph of the DCB test rig mounted on the stage with SiC sample. 
The bronze strip runs through the grips and rollers in such a way that the grips are loaded by 
two tensile forces with equal value; as a consequence, a pure bending moment is created as 
follows:  
 dRPM  2          (4. 18) 
where, P is the applied tensile force, R is the radius of the rollers and d is the vertical 
distance between the centres of the rollers. The moment is transferred to the DCB specimen 
by the loading pins (number 4 and 5 in Figure 62) that load the beams by compressive 
forces. It is assumed that the friction from the ball bearings of the roller can be neglected. 
Therefore, the force magnitude in the bronze band is the same everywhere [157]. 
 
 
Figure 62: Schematic illustration of DCB test rig with sample and loading configurations based 
on [156]. 
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The maximum deflection (Δ) at the end of each beam of the DCB specimen can be 
computed as follows [158]: 
/12)tB(3 3
3


E
lP
         
(4. 19) 
where, l is the beam length, E is the Young’s modulus and B and t are the specimen’s width 
and thickness, respectively. The compliance of a specimen can be found using the following 
relationship:  
P
C 
           
(4.20)
 
The strain energy release rate G is known as the decrease in the potential energy per unit 
area of the specimen during an incremental crack growth of the system [159]. Crack growth 
occurs if the energy release rate is equal or bigger than the crack growth resistance, R. The 
strain energy release rate of a double cantilever beam specimen is determined using the 
incremental change in specimen’s compliance yielding to [156]: 
  322112 EBbtMG           (4. 21) 
where,   is the Poisson’s ratio and b is the remaining ligament of side grooved specimens. It 
is clearly shown that G is independent of the crack length and can be calculated by finding 
the applied moment only. The stress intensity factor K is found from the general relationship 
below [160]:  
 22 1 vEGK           (4. 22) 
The speed of the motor was variable from 0.1 mm min-1 to 2 mm min-1 and it was chosen 
prior the testing. In order to achieve stable crack propagation, the slowest motor speed of 
0.1 mm min-1 was chosen for every test. The applied force and the stage extension were 
recorded continuously. Every time crack propagation was observed, the applied load was 
recorded and SEM micrographs were taken to determine the crack length. A straight crack 
up to 3 mm long was achieved with this technique to determine the R-curve for the four 
produced SiC, see Figure 63. However, it was very challenging to initiate a straight crack 
from the sharp notch without any fast fracture. Therefore, only one specimen per material 
was used to measure the R-Curve. 
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Figure 63: Straight crack of 3mm length obtained using the DCB technique to determine the R-
curve of SiC materials. 
 
The grain bridging stresses can be expressed as a continuous function of the distance 
behind the crack tip, x, in terms of the bridging zone length, L, and an exponent i, which 
allows modifying the shape of the distribution [75]: 
i
L
xPxP 

  1)( max          (4.23) 
To determine the traction force, P(x), which acts on the crack faces and is responsible for 
the rise to the observed R-curve behaviour, the measured R-curves were fitted using the 
relationship between surface tractions and increase in toughness [80]:  
 xICIC dxxxPKaK 0
)(2)0()(         (4.24) 
where KIC(a) is the toughness after the crack has extended by a crack length (a) and KIC(0) 
is the stress intensity at the crack tip (toughness at zero crack length). Since no real data 
was available below 100 µm, the R-curves were fitted using a constant constraint, P0, in the 
first 100 µm to represent the observed fast initial rise in the R-curve, superimposed on a 
normal traction function to capture the further rise of the R-curve [47, 161]. In fitting the R-
curves, L was taken equal to the total length over which observations were made, and i and 
Pmax where found by trial and error until the best fit to the experimental data was achieved. 
With the tractions determined, predictions of the half crack opening, u(x) which is a function 
of distance, x, behind the crack tip can be obtained using [80]: 
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where, KI is the applied stress intensity and x’ is an integrated variable where the bridging 
force acts. Every time crack propagation was observed, the applied load was recorded and 
SEM micrographs were taken. Measurements of the crack profiles were obtained at an 
applied load of 80-90% of the KIC by measuring the crack opening displacement behind the 
crack tip at points spaced 20 µm apart for a crack length of up to 2 mm. It was not possible 
to measure the crack opening displacement out of a single SEM micrograph and therefore 
multiple SEM micrographs following the crack tip were taken. In order to measure the crack 
opening with respect to the crack tip, these SEM micrographs were placed together by 
means of Inkscape software (Figure 64). This approach was performed for 70 - 80 SEM 
micrographs in total and the crack opening displacement was measured using Image-J 
software. 
 
Figure 64: Measuring crack opening displacements with respect to crack tip using multiple 
SEM micrographs by means of Inkscape and Image - J software. 
 
4.6.5  Slow crack growth 
Two different testing methods were used to measure the sensitivity to slow crack growth of 
silicon carbide. These methods were constant stress rate testing and double torsion testing. 
For constant stress rate testing, specimens measuring 40 mm length by 4 mm width by 3 
mm thick were machined. All corners were bevelled by means of a 70 µm diamond grinding 
disk to eliminate any edge flaws and reduce the risk of obtaining stress concentration areas. 
The tensile surfaces were polished to 1 µm using diamond suspension. On the polished 
tensile face, a 2 kg Vickers indent was positioned exactly at the centre of the specimen and 
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perpendicular to its edges. The indentation for each sample was made in air with 10 seconds 
holding time. The samples were tested directly after the indent was made.  
Each sample was tested in a four point bending jig by means of a Zwick Roell (model 
608609) machine, placing it inside a container filled with distilled water. The water level 
covered the sample completely with its polished indented surface loaded under tension 
conditions, see Figure 65. 
 
 
Figure 65: Four point bending testing rig set up with SiC sample immersed in distilled water. 
 
The fracture stress was measured with an inner span of 15 mm and an outer span of 30 mm 
at cross head speed ranging from 0.001 mm min-1 to 1 mm min-1. For every test, the fracture 
force and time were recorded in order to calculate the fracture stress and stress rate. All 
fractured samples were checked after the test to confirm the fracture occurred as a result of 
the indent. 
A total of 5 specimens were tested at each stress rate at room temperature. For the inert 
strength tests, the indented samples were tested in mineral oil which included silica 
desiccant balls to obtain 100% non-moisture environment at stress rate of 1 mm min-1. 
Strength values were calculated using equation (4.13). Stress rates were calculated by 
dividing the strength stress by the failure time. 
The subcritical crack growth of advanced ceramics can be expressed as a function of crack 
velocity ( v ) and applied stress intensity (KI) using the following relation [94]: 
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n
IKAv            (4.26) 
where, A and n are material and environment dependent subcritical crack growth 
parameters. The SCG parameter, n, can be usually obtained from the slope resultant of 
plotting the log (fracture stress) versus log (stress rate). However, it shall be considered that 
all the samples were indented and indentation produces residual stresses, which could have 
influenced the driving force for fracture. Therefore, the n value was obtained using the 
following equation [162]: 
3
24 '  nn           (4.27) 
where, 'n  is the slope obtained of plotting the log (fracture stress) versus log (stress rate) 
graph. 
The simple specimen design and the readily available four point test rig made this testing an 
interesting choice to obtain general SCG data. However, it was not possible to obtain the 
crack velocity versus the applied stress intensity v -KI curve. The v -KI curve is a powerful 
way to illustrate how environment can affect fatigue behaviour of ceramics [90-92]. 
Therefore, double torsion testing was conducted to obtain the v -KI curve and to compare, 
additionally, the resultant SCG parameters from both tests. 
The double torsion test rig consists of a base plate with four symmetric rollers of 5 mm 
diameter used to support the specimen and a loading disk with a single flexible roller of 5 
mm diameter used as loading point, Figure 66. The loading point was placed at centre of the 
specimen’s notch in such a way that introduces torsional deformation in the two specimen’s 
halves. The test rig was built based on the design of Albuquerque et al. [163]. 
 
Figure 66: Double torsion testing rig set up with SiC sample immersed in water (left) and 
specimen and loading configuration (right). 
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Specimens were 40 mm length by 20 mm width by 2 mm thick polished to 1 µm using 
diamond suspension. A notch of 10 mm length (a0) and root radius of 0.3 mm was 
introduced using a diamond blade. At the end of the notch, two Vickers indentations of 10 kg 
were placed in order to start with a well-aligned sharp crack. Care was therefore taken to 
ensure that the two indentations were aligned in one straight line to avoid crack deviation 
during testing, see Figure 67.  
 
 
Figure 67: LP-coarse SiC sample with 2 indentations of 10 kg each placed at the end of the 
notch. Note the straight pre-crack as a result of the indentations alignment. 
 
A sharp pre-crack length (ai) of 12-13 mm was achieved by loading the specimen slowly at 
0.05 mm min-1 cross head speed followed by fast unloading once the crack propagation was 
noted by a load drop of 1%. The pre-crack load was recorded and the crack length was 
measured by means of an optical microscope (Olympus BX51). The specimen was later 
loaded at 0.2 mm min-1 cross head speed and once the 90-95% of pre-crack loading value 
was achieved, the cross head position was held fixed for 30 minutes to allow load relaxation 
to occur, Figure 68. For each material, two samples were tested in air (45% humidity) and 
two samples were tested in water. 
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Figure 68: Load versus time of LP-Coarse during load relaxation test. The data from the 
relaxation were used to obtain the ࢜ -KI curve. 
 
Determination of crack velocity 
The displacement of a loading point (y) varies linearly with the crack length (a) and the 
applied load (P) as follows [94]: 
 DaBPy           (4.28) 
where B and D are constants, which depend on the material, the specimen’s dimensions and 
the test rig. Differentiating with respect to time, yields: 
 
dt
daPB
dt
dPDaB
dt
dy          (4.29) 
During load-relaxation, the displacement, y, is kept constant hence: 
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0
dt
dy
          (4.30) 
By substituting this condition and rearranging equation (4.29), the following is true for the 
crack velocity (da/dt) or v : 
Pdt
dP
B
Dav 1

           (4. 31) 
However for constant displacement, the following also applies at the initial (Pi) and final (Pf) 
loading during load relaxation:  
     DaBPDaBPDaBP ffii       (4.32) 
or 
B
DDaB
P
P
a f
f  )(         (4.33) 
where, ai and af are the initial and final crack length respectively. 
Substituting the crack length (a) from equation (4.33) into the crack velocity equation (4.31), 
gives the following relationship: 
dt
dP
B
Da
P
P
v f
f 


  )(2         (4.34) 
The constant ratio of D/B was found by rearranging equation (4.32) and applying the 
separation of variables method, the following was obtained: 
   
fi
iiff
PP
aPaP
B
D

          (4.35) 
 
Determination of applied stress intensity factor  
As explained earlier that the two halves of the double torsion specimen produce torsional 
deformation under an applied load. Figure 69 shows a schematic of this deformation in the 
single half of the specimen.  
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Figure 69: Schematic representation of a half double torsion sample with loading configuration 
[164]. 
 
The total angle of twist (Ɵ) as a result from the applied torque can be related to the load 
point displacement (∆) as follows: 
Gtw
aPw
w
m
m 
 33         (4.36) 
where, wm is the torsional arm, G is the shear modulus, w and t are sample’s width and 
thickness respectively. 
The compliance (C) for a double torsion specimen can be related to the displacement and 
applied load as follows: 
Gtw
aw
P
C m
 3
23
         (4.37) 
For specimen with thickness ratio (2t/w) up to 1, equation (4.37) can be given by [165]: 
)/2(...
..3
3
2
wtGtw
awC m          (4.38) 
where ߰ is a correction factor introduced to take into account the specimen’s thickness, 
which was experimentally determined by Pletka et al. [165] with an accuracy better than 
0.1% so that: 
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If it is assumed that the crack front is constant with crack propagation and passes through 
the sample’s thickness (t), then the strain energy release rate or the driving force for fracture 
(GI) is related to the compliance of a specimen and the applied load as follows:  
)/2(2
3
2 4
222
wtGtw
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dC
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PG mI 


       (4.40) 
The stress intensity factor for linear elastic fracture mechanics can be expressed using [160]: 
EGK II            (4. 41) 
where, ߭ is Poisson’s ratio and E is the material’s elastic modulus. The elastic modulus can 
be related to the shear modulus using the following: 
)1(2 
EG           (4.42) 
The stress intensity can be found as follows by combining equation (4.41) and equation 
(4.40): 
 
 




w
twt
wPK mI

13
2         (4.43) 
 
From the above relationship, the stress intensity is independent of crack length. In recent 
experiments, Chevalier et al. [166] showed that by introducing different notch lengths and 
crack lengths on the same sample, different crack velocities and stress intensity values were 
obtained. The crack velocity dependence on the notch length to crack length ratio was due 
to the unbroken ligament on the compressive side of the sample, which leads to an 
additional stress, Figure 70. As the crack propagates; the ligament area increases, which 
increases the contact stresses and in turn affects the stress intensity.  
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Figure 70: Sketch showing the region of stable crack front and the unbroken ligament during 
double torsion test [166]. 
 
Therefore a correction factor was introduced, which is material dependent and the corrected 
stress intensity was found as follows: 
  kmm
I a
a
w
twt
wPK 




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       (4.44) 
where, the m value was obtained from the resultant slope of plotting the log crack velocity 
versus (a/a0) by applying constant load and constant holding time. Once crack propagation 
was observed, the tests were repeated and in total five points were obtained for each 
material. In the event that no crack extension was observed, then either the load or the 
holding time was increased until crack propagation occurred. The k value was obtained from 
the resultant slope of plotting the log crack velocity versus the applied load from relaxation 
test. 
4.6.6  Cyclic fatigue testing 
In this work, cyclic fatigue testing was conducted using 4 point bending method with an inner 
span of 15 mm and outer span of 30 mm with specimens measuring 40 mm by 10 mm by 3 
mm polished to 1 µm using diamond suspension. Pre-crack initiation was introduced by 
means of the bridge indentation method [167]. The bridge indentation fixtures, which are 
made of hardened steel, consist of two rigid blocks with a span of 12 mm machined on one 
of them. At the centre of the tension side of each specimen, two aligned Vickers indentations 
of 30 Kg were placed in air with 10 seconds holding time prior to each test. The specimen’s 
tensile side was placed on top of the 12 mm span [168]. A compressive force was applied by 
means of a Zwick (model 1474) machine (Figure 71) such that a possible crack was initiated 
from the diagonal of the indentations and through the specimen’s thickness down to its 
depth. A straight pre-crack of 4 mm was achieved with the pop-in loads listed in Table 6, see 
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Figure 72. The pop in loads are dependent on material’s properties, number and load of 
indentations and the span length [167]. 
 
 
Figure 71: Bridge indentation set up with Zwick machine punching cylinders. 
 
To ensure that a straight crack was achieved; the tension side with the indentations had to 
be placed at the centre of both steel blocks and the bridge indentation blocks had to be 
placed as parallel as possible with respect to the specimen.  
 
 
Figure 72: Straight pop in crack of LP-Fine SiC by means of bridge indentation method. 
A straight pre-crack by means of the bridge indentation method was very challenging to 
achieve and therefore high number of samples were needed to be machined. As a 
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consequence, only one sample of each SiC material was used to conduct cyclic fatigue 
testing. 
Table 6: Details of bridge indentation pop-in loads of the four studied SiC materials. 
Material Pop-in load (KN) 
LP-Fine 6.3 
SS-Fine 3.0 
LP-Coarse 10.5 
SS-Coarse 4.8 
 
Specimens were cycled by means of an Instron machine (Electro puls E1000) at ambient air 
conditions (22⁰C and relative humidity of 40%) with an applied load of 90% of KIC under 
tension-tension loading, Figure 73. The test frequency was 5Hz using sinusoidal waveform 
under load control with a load ratio R (Fmin/Fmax) of 0.1. Specimens were cycled to a total 
number of 1 x 106 cycles. A graph showing load versus displacement was monitored during 
loading to determine each specimen’s compliance (displacement/load) in order to detect any 
crack propagation before interrupting the test [169].  
 
 
Figure 73: Cyclic fatigue testing set up using Electro-puls machine with 4 point bend test rig.
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5 Production and characterisation of the microstructures  
Since the main aim was to distinguish between the influence of grain morphology and of 
grain boundary chemistry on the mechanical behaviour of silicon carbide, this chapter will 
demonstrate the effect of sintering additives and sintering parameters (temperature and 
time) on the final microstructure of silicon carbide. In order to illustrate the effect of grain 
morphology, a comparison is needed between fine (equiaxed shape) grains versus coarse 
(plate-like shape) grains. To quantify the effect of grain boundary chemistry, solid state 
sintering with boron and carbon as sintering additives is used in contrast to liquid phase 
sintering with alumina and yttria as sintering aids.  
 
5.1 Producing fine and coarse grained materials 
The fine grained liquid phase microstructure was obtained by hot pressing (HP) a mixture of 
α-SiC with 6 wt.% alumina and 4 wt.% yttria as it was proposed by Lee et al. [60]. This result 
was easily reproduced and yielded a microstructure as shown in Figure 74. It consists of 
homogenous fine equiaxed SiC grains with average grain size of 1 ± 0.1 µm. Some of the 
oxide additives are concentrated at the triple junctions of the SiC grains and can be seen as 
bright areas in Figure 74, which is typical for silicon carbide materials sintered with oxide 
additives [34]. 
 
Figure 74: SEM image of α-SiC with 6 wt.% Al2O3 and 4 wt.% Y2O3 at 1950 ⁰C for 0.5 hour. Note 
the bright (white) areas enriched with oxide additives. 
 
For the coarse (plate-like shape) grained SiC produced by liquid phase sintering, different 
trials with α-SiC were conducted in order to achieve a microstructure, which consists mainly 
of plate-like grains. Based on the work of Rodriguez et al. [170], increasing sintering time 
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could enhance the grain growth in sintering SiC with oxide additives. Therefore, hot pressing 
α-SiC with the same amount of alumina and yttria at 1950 ⁰C for 3 hours was conducted. 
However increasing sintering time to 3 hours and keeping the temperature at 1950 ⁰C was 
not sufficient to produce a homogenous elongated grained system as can be seen from 
Figure 75. Therefore it was decided to increase the sintering temperature to 2050 ºC, 
keeping everything else the same as the first trial. Increasing sintering time and sintering 
temperature indeed developed a few elongated grains, but they were mainly surrounded by 
fine grains (Figure 75). Therefore, it was decided to use β-SiC powder as it is known that the 
β	→ α phase transformation at temperatures above 1850 ⁰C enhances grain elongation [63, 
143, 171-173].  
 
Figure 75: SEM image of α-SiC with 6 wt.% Al2O3 and 4 wt.% Y2O3 at 1950 ⁰C (left) and at 
2050 ⁰C (right) for 3 hours. Just a few elongated grains were developed. 
 
Based on the work of Lee and Kim [69], β-SiC was hot pressed with 6 wt.% alumina and 4 
wt.% yttria for 3 hours at different sintering temperatures. Increasing sintering time was 
essential to increase the fraction of β	→ α phase transformation and hence coarsening the 
microstructure [60]. The first trial was conducted at 1950 ⁰C and the obtained microstructure 
revealed fine grains dominating the system with coarse grains randomly distributed (Figure 
76). This suggests that sintering at 1950 ⁰C was not sufficient to complete the β	→ α phase 
transformation and that therefore only a few elongated grains developed. 
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Figure 76: SEM image of β-SiC with 6 wt.% Al2O3 and 4 wt.% Y2O3 at 1950 ⁰C for 3 hours. Just 
few elongated grains were developed despite of using β-SiC. 
 
Therefore, it was decided to increase the temperature to 2050 ⁰C for 3 hours. This resulted 
in a homogenous distribution of elongated grains in a matrix of fine grains. The elongated 
grains have an average length of 16.3 ± 1.3 µm and an average width of 5.1 ± 0.3 µm with 
an aspect ratio of 3.9 ± 0.32, see Figure 77. 
 
 
Figure 77: SEM image of β-SiC with 6 wt.% Al2O3 and 4 wt.% Y2O3 at 2050 ⁰C for 3 hours. A 
homogenous distribution of elongated grains within a fine grains matrix. 
 
112 
 
For the solid state sintered SiC, several trials were conducted in which the boron contents 
was varied while the carbon remained constant at 3 wt.%. According to Raczka et al. and 
Stobierski et al. [22, 27], this amount of carbon is sufficient to remove the silica from the SiC 
powders and hence reaching the highest densification. For the SS-Fine SiC, again α-SiC 
was used to avoid the transformation. Based on the work of Stobierski et al. [22] the boron 
content was limited to 0.2 wt.% and hot pressing carried out at 2050 ⁰C for 0.5 hour. 
Compared to the liquid phase sintered fine microstructures, the grains were larger with an 
average grain size of 4 ± 0.4 µm, see Figure 78. 
 
 
Figure 78: SEM image of α-SiC with 3 wt.% C and 0.2 wt.% B at 2050 ⁰C for 0.5 hour.  
 
More trials were conducted to produce a microstructure with a grain size smaller than 4 µm. 
However by decreasing the boron content to 0.1 wt.%, full density could not be obtained as 
shown in Figure 79. Therefore, it was decided to use the slightly coarser microstructure as 
the solid state sintered fine grained material.  
 
113 
 
 
Figure 79: SEM image of α-SiC with 3 wt.% C and 0.1 wt.% B at 2050 ⁰C for 0.5 hour. Note the 
large distribution of pores.  
 
Figure 80 shows that even when using β-SiC powder, increasing the boron content to 0.3 - 
0.4 wt.% was not sufficient to introduce a homogenous coarse grained microstructure. 
Therefore the boron content was increased to 0.5 wt.%, which yielded many more elongated 
grains, see Figure 81. However, hot pressing at 2050 ⁰C was not adequate to produce a 
coarse grained microstructure everywhere. Therefore, hot pressing temperature was 
increased to 2150 ⁰C and the result is shown in Figure 82. In fact, the grains were more 
elongated than those of the LP-Coarse SiC with an average length of 18.6 ± 1.0 µm and an 
average width of 4.7 ± 0.3 and aspect ratio of 4.8 ± 1.2. A more complete grain size 
distribution analysis yielded values for D10, D50 and D90 as given in Table 7 and confirmed 
that the solid state system produced coarser grains than the liquid phase one. 
 
 
Figure 80: SEM image of β-SiC with 3 wt.% C with 0.4 wt.% B (left) and 0.3 wt.% B (right) at 
2050 ⁰C for 3 hours. Only a few elongated grains were developed in a matrix of fine grains. 
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Figure 81: SEM image of β-SiC with 3 wt.% C and 0.5 wt.% B at 2050 ⁰C for 3 hours. Despite of 
increasing the boron content, fine grains are dominating the matrix. 
 
Figure 82: SEM image of β-SiC with 3 wt.% C and 0.5 wt.% B at 2150 ⁰C for 3 hours. This is the 
required microstructure for solid state coarse grains. 
 
The selected SiC microstructures were all effectively fully dense, see Table 7, while the 
micrographs suggest that the remnant porosity is higher. However etching in boiling 
Murakami solution is quite aggressive and therefore some of the pores are due to dissolution 
of grain boundary films and / or removal of fine grains.  
Table 7: Relative density and grain size distribution result of the final microstructures. 
Material ρ 
(g/cm3) 
D10 
µm 
D50 
µm 
D90 
µm 
LP-Fine 99.8 ± 0.1% - - - 
LP-Coarse 99.2 ± 0.1% 1 5 30 
SS-Fine 98.8 ± 0.1% - - - 
SS-Coarse 98.2 ± 0.1 % 2 8 33 
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5.2 Further characterisation of the microstructures 
The X-ray diffraction patterns with fits to the peaks needed from Ruska’s method for polytype 
analysis are given in Figure 83 through Figure 86. Further the XRD patterns were compared 
with the joint committee on powder diffraction standards (JCPDS). The Miller indices (hkl) 
representing Bragg reflection are also included. By comparing the XRD measurement to the 
JCPDS data, LP-Fine is the only material containing different oxides comparing to the other 
three SiC where they mainly contains silicon carbide. The polytype analysis revealed that 6H 
was the dominant polytype in the fine grained materials system as expected when starting 
from an α-SiC, which is mostly 6H. On the other hand a mix of 4H and 6H structure was 
observed in the coarse grained materials due to the β - α phase transformation, which is 
consistent with observations elsewhere [143]. The exact polytype percentages for each 
microstructure are given in Table 8. 
 
 
Figure 83: X-ray diffraction pattern of LP-Fine (black) with fits to peaks to determine their 
height (red). The Peaks pattern according to JCPDS: 01-074-1302 (SiC), JCPDS: 00-042-1468 
(Al2O3) and JCPDS: 01-072-1315 (Al5Y3O12) database is also included. 
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Figure 84: X-ray diffraction pattern of LP-Coarse (black) with fits to peaks to determine their 
height (red). The Peaks pattern according to JCPDS: 00-031-1232 (pink) and JCPDS: 01-073-
1664 (green) database is also included. 
 
 
Figure 85: X-ray diffraction pattern of SS-Fine (black) with fits to peaks to determine their 
height (red). The Peaks pattern according to JCPDS: 01-073-2083 (pink) and JCPDS: 01-072-
0018 (green) database is also included. 
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Figure 86: X-ray diffraction pattern of SS-Coarse (black) with fits to peaks to determine their 
height (red). The Peaks pattern according to JCPDS: 01-073-1663 (pink) and JCPDS: 01-073-
1664 (green) database is also included. 
 
Table 8: Polytypes results from XRD analysis of SiC using Ruska’s method. 
SiC 15R 6H 4H 3C 
LP-Fine 6.8% 77.1% 6.7% 9.4% 
LP-Coarse 0.0% 50.8% 33.3% 15.9% 
SS-Fine 0.0% 80.4% 19.6% 0.0% 
SS-Coarse 0.0% 45.7% 54.3% 0.0% 
 
EDX analysis of the triple junctions inside LP-SiC showed they were enriched with 
aluminium (Al), oxygen (O) and yttrium (Y), see Figure 87 and Figure 89, which is consistent 
with other observations on SiC materials sintered with oxide additives [32, 34]. Inside the LP-
fine SiC grain, silicon, carbon and traces of aluminium were found as shown in Figure 88. 
Considering the fine grain size of 1 µm, it was inevitable that during analyses of the grains 
some signal would be due to the grain boundaries and hence the presence of Al inside the 
grains is believed to be an artefact. Consistent with this interpretation, only silicon and 
carbon were found inside the coarse grain of LP-Coarse (Figure 90). In the case of SS-SiC 
materials, silicon and carbon were present everywhere. The detector was not able to detect 
the small quantity of boron reliably; therefore the EDX result was represented in terms of 
silicon and carbon only (Figure 91 through Figure 94). 
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Figure 87: EDX analysis at the triple junctions of LP-Fine SiC. Oxide elements were detected as 
expected. 
 
Figure 88: EDX inside the grain of LP-Fine. Due to the fine grain size, it was not possible to 
avoid scanning the grain boundary too. Therefore, Al traces were detected.  
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Figure 89: EDX analysis at the triple junctions of LP-Coarse SiC. Oxide elements were detected 
as expected. 
 
Figure 90: EDX analysis inside the grain of LP-coarse. No oxide elements were detected in the 
grain. 
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Figure 91: EDX analysis of SiC grain of SS-Fine SiC. Only silicon and carbon were detected. 
 
Figure 92: EDX analysis of grain boundary of SS-Fine. Only silicon and carbon were detected. 
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Figure 93: EDX analysis of SiC grain of SS-Coarse. Only silicon and carbon were detected. 
 
Figure 94: EDX analysis of grain boundary of SS-Coarse. Only silicon and carbon were 
detected. 
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TEM analysis shows evidence of the formation of a grain boundary film for the LP-fine SiC 
(Figure 95). The corresponding EDX analysis of this grain boundary film showed enrichment 
in aluminium, oxygen and yttrium, which was consistent with the EDX analysis in the SEM. 
Pocket of oxides at the triple junctions are also observed in LP-Coarse, (Figure 96). From 
the diffraction pattern analysis of this pocket shown in Figure 97, formation of an amorphous 
second phase due to those oxides was found, which confirms the formation of glass. 
 
 
Figure 95: HRTEM of a grain boundary film in LP-fine SiC with a thickness of 3.7 nm and its 
corresponding EDX analysis, which shows that the film is enriched with Al, O and Y. 
 
 
Figure 96: TEM image of grain boundary and glass pocket of LP-Coarse. EDX analysis of grain 
boundary shows an enrichment of Al, O and Y. 
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Figure 97: Glass pocket at triple junction of LP-Coarse. Diffraction pattern analysis shows that 
the oxide complexions have an amorphous phase. 
 
For the SS-Fine, TEM analysis also revealed a thin film structure at the boundary of the 
silicon carbide grains, see Figure 98. From the EDX analysis of this thin film, no oxide 
complexions were observed. Moreover, no boron or carbon enrichment was found, which 
indicates clean grain boundaries for the SS-SiC materials.  
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Figure 98: HRTEM of a grain boundary film in SS-Fine SiC with a thickness of 3.0 nm and its 
corresponding EDX analysis. Note that there are no oxide complexions in this film. 
 
5.3 Conclusions 
Highly dense silicon carbide materials with different microstructures were successfully 
produced using hot pressing. Two different grain boundary chemistries were achieved using 
liquid phase sintering with alumina and yttria as sintering additives and solid state sintering 
using boron and carbon as sintering additives. For each chemistry, a fine grained and a 
coarse grained SiC were obtained. For the fine grained microstructure, α-SiC powder was 
used with sintering time of 0.5 hour. However, β-SiC powder was essential to produce 
homogenous elongated grains thanks for the β-α phase transformation. Moreover, sintering 
time and sintering temperature had to be increased to ensure full phase transformation for 
developing more plate-like grains throughout the matrix. However, the oxide additives were 
kept constant to 6 wt.% of alumina and 4 wt.% of yttria for both microstructures. 
In the case of the solid state sintered silicon carbide, boron content played a role in 
densification and determining the grain size. The SS-Fine grains were slightly coarser than 
the LP-Fine as the boron content could not be reduced to 0.1 wt.%, because full density 
could not be achieved. For SS- Coarse, the boron content was increased to 0.5 wt.% in 
addition to increasing the sintering parameters. 
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From EDX and TEM analysis, a second phase consisting of aluminium, yttrium and oxygen 
either at the triple junctions or along the grain boundaries of LP- SiC materials were 
observed. From the diffraction pattern analysis, glass pocket at the triple junctions was 
observed. In the case of the solid state materials, neither boron nor carbon enrichment were 
found along the grain boundary film.  
  
126 
 
6 Mechanical properties 
Four different silicon carbide microstructures were successfully produced using liquid phase 
and solid state sintering as discussed in chapter five. In this chapter, the effect of the grain 
boundary chemistry and grain morphology on the mechanical properties of silicon carbide is 
investigated. First the results of the measured mechanical properties such as elastic 
modulus, strength, fracture toughness and the toughness as a function of a crack length will 
be presented alongside, results from FIB slice and view investigations of the cracks and 
crack profile measurements obtained from the double cantilever beam test. This is followed 
by a more general discussion in which the focus will be on how chemistry and grain 
morphology influence the toughness of silicon carbide. 
6.1 Results 
The Young modulus, measured by means of Impulse excitation technique [149], of the four 
produced materials are listed in Table 9. The average value is obtained from six 
measurements. The values of the Young modulus are within the 421-554 GPa range 
predicted from the single crystal elastic constants [174]. The measured fracture strengths 
based on the original defect sizes using four point bend test in air are given in Table 9. The 
average value is based on 17 individual measurements for each material. The fracture 
toughness values for short cracks measured using single edge notched beams (SENB) in 
three point bending are also listed in Table 9. The standard deviations show the scatter of 
individual measurement. In general, the LP-SiC materials have higher toughness and 
strength compared to SS-SiC materials. Additionally, the toughness is improved by 
modifying the grain morphology from fine grains to coarse grains irrespective of the grain 
boundary chemistry. However, this improvement is more noticeable within the liquid phase 
sintered silicon carbide than within the solid state sintered silicon carbide.  
Table 9: The mechanical properties of the studied materials. The standard deviations show the 
scatter of individual measurement.  
SiC 
Material 
E 
(GPa) 
σstrength 
 (GPa) 
KIC 
(MPa m1/2) 
LP-Fine 429 ± 14 614 ± 79 4.2 ± 0.3 
LP-Coarse 503 ± 16 441 ± 17 6.5 ± 0.4 
SS-Fine 508 ± 8 320 ± 127 3.2 ± 0.4 
SS-Coarse 522 ± 12 375 ± 113 3.8 ± 0.3 
 
The fracture toughness as a function of the crack length (R-curve) measured by means of 
the double cantilever beam (DCB) test [157] is shown in Figure 99. The solid points 
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represent the measurements from the DCB test for straight crack up to 3 mm, while the solid 
lines show the fits from which the traction parameters were obtained. The values of the 
traction forces are given in Table 10. 
In deriving these tractions it was assumed that the zero crack length toughness of all 
materials is 2 MPa m1/2. This assumption will be discussed further below. The tractions 
forces are plotted in Figure 100, which shows the superimposition of constant short range < 
100 µm traction (P0) with long range traction (Pmax). As expected, only the LP-SiC materials 
show significant long range tractions. However, it is clear also that the short range traction is 
higher for coarse grained materials in both chemistries. 
The fracture toughness values for short cracks obtained from the bend tests also agree quite 
well with the values for short cracks obtained from the R-curve measurements. Although, the 
bend test results are somewhat higher, the difference is within the range that might be 
expected even though care was taken to minimize the notch radius to below 50 µm by 
sharpening with diamond suspension, Figure 58. 
 
Figure 99: The R-curve of the four SiC materials measured by DCB (solid points) with best 
fitting (solid line). Note the rising R-curves in LP-SiC compared to flat R-curves in SS-SiC. 
However, by using the best fitting, all materials show a steep increase in the R-curve for crack 
< 100 µm. 
 
128 
 
Table 10: Traction parameters used to fit the measured R-curve for short and long cracks. The 
parameter L is the total crack length over which observations were made, P0 and Pmax are the 
traction forces for short and long cracks respectively and i is an exponent which allows 
modifying the shape of the distribution. 
SiC P0 
MPa 
Pmax 
MPa 
L 
µm 
i 
- 
LP-Fine 10.5 37.7 3249 1.1 
LP-Coarse 188.7 24.2 3139 0.43 
SS-Fine 61.7 0.8 4.66 0.15 
SS-Coarse 97.9 4.66 4099 0 
 
 
 
Figure 100: Surface tractions as a function of distance behind the crack tip (x) obtained after 
fitting the measured R-curves. As explained in the text, the tractions are a superimposition of a 
constant short range traction (x<100 µm) with long range traction. Note the long range traction 
for LP-SiC compared to SS-SiC. Also, the short range traction is higher in coarse grained 
materials than in fine grained materials. 
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The fracture surfaces of the four silicon carbide materials are shown in Figure 101. The 
liquid phase sintered materials show intergranular failure, which is consistent with 
observations of silicon carbide sintered with oxide additives [35, 37, 39, 58, 69]. In both solid 
state sintered materials the fracture is transgranular, also in line with observations elsewhere 
[143, 173]. FIB micrographs of LP-SiC confirm the intergranular crack propagation, Figure 
102 and Figure 103; the crack plane is clearly tilted and twisted due to its path following the 
grain boundaries. The bright areas show the location of glass pockets or oxides 
concentrations. On the other hand, FIB micrographs of SS-SiC show straight crack path, 
which indicate a transgranular fracture mode, Figure 104 and Figure 105. 
 
 
Figure 101: SEM micrographs of fracture surfaces after DCB measurements for: (a) LP-Fine, 
(b) LP-Coarse, (c) SS-Fine and (d) SS-Coarse. Note the intergranular fracture of LP-SiC 
comparing to the transgranular fracture of SS-SiC. 
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Figure 102: FIB micrograph of a crack growing in the X - direction showing the intergranular 
path of LP-Fine. Arrows indicate possible locations of grains, where the crack is propagating 
along their grain boundaries. 
 
 
Figure 103: FIB micrograph of crack growing in the X - direction showing the intergranular 
path of LP-Coarse. Arrows indicate possible locations of grains, where the crack is 
propagating along their grain boundaries. 
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Figure 104: FIB micrograph of crack growing in the X - direction showing a straight crack, 
which suggest a transgranular fracture path for SS-Fine. 
 
 
Figure 105: FIB micrograph of crack growing in the X - direction showing a straight crack, 
which suggest a transgranular fracture path for SS-Coarse. 
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From FIB imaging, the crack path for LP-Coarse is observed at different distances from the 
crack tip; see Figure 106 through Figure 108. As it can be seen in Figure 108, which is the 
first slice obtained, a crack is already visible in the microstructure. Despite starting the slices 
beyond the extension of the tip of the crack, some cracking was always found in several 
trials for the studied SiC materials and therefore it was not possible to pin point the exact 
location of the crack tip in order to obtain the 3D reconstruction of the crack tip front.  
Considering the actual crack tip location as a reference (X = 0 nm), it can be stated that the 
crack propagated an unknown distance X0 beyond the first slice obtained. The location of 
subsequent slices has been determined from the thickness of each slice (the depth through 
the X-axis) and as a function of the X0 distance, indicating the propagation of the crack up to 
the crack tip. Considering the crack opening, which is larger in Figure 106 compared to 
Figure 108, consistent with the expected increase in crack opening with distance beyond the 
crack tip, suggests that the actual tip of the crack will not have been far from X0 as the crack 
opening at X0 is very small. 
Figure 106 illustrates a continuous crack along the Z direction of the FIB sample at a 
distance of X0 + 2310 nm from the crack tip. The evolution of its deviation with respect to a 
particular grain is shown in Figure 107. The sketches in Figure 107 are illustrations of the 
FIB micrographs to show clearly the mentioned evolution of the crack separation due to 
elastic bridging. The crack starts splitting at a distance of X0 + 2200 nm and it reaches its 
maximum separation at a distance of X0, which is the closest slice obtained from the crack 
tip.  
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Figure 106: FIB micrograph of crack path at a distance of X0+2310 nm from the crack tip. The 
selected area within the rectangle indicates where the bridging occurs. 
 
 
Figure 107: FIB micrographs and corresponding sketches of the crack path at different 
distances approaching the crack tip. 
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Figure 108: FIB micrograph of crack path at a distance of X=X0 nm from the crack tip. The 
selected area within the rectangle indicates where the bridging occurs. 
 
The DCB test was used to measure the crack opening displacement at an applied stress 
intensity (KI) of approximately 80-90% of KIC for crack length of 2 mm. According to Gilbert et 
al. [175], fitting to the crack opening displacements can yield the average surface tractions 
on the crack. Hence, it is possible too to use the tractions from fitting the R-curve to simulate 
the crack opening displacement profiles. Figure 109 through Figure 112 show the measured 
crack opening displacement and the crack opening displacements expected when there are 
no tractions (free) and when using the tractions from fitting to the R-curves respectively. In 
all cases, the experimental crack opening, black squares, far beyond the crack tip (> 1 mm) 
agrees with the traction free calculation. Closer to the crack tip, the experimental data for LP-
SiC materials agree quite well with the prediction based on fitting to the R-curves, whereas 
for the SS-SiC materials little difference is expected but near the tip (< 1 mm), the crack 
openings appear to be a bit lower than predicted.  
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Figure 109: Crack opening profile of LP-Fine from the DCB measurements under an applied KI 
= 3.5 MPa m1/2. 
 
 
 
Figure 110: Crack opening profile of LP-Coarse from the DCB measurements under an applied 
KI = 5.49 MPa m1/2.  
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Figure 111: Crack opening profile of SS-Fine from the DCB measurements under an applied 
KI= 2.85 MPa m1/2.  
 
 
 
Figure 112: Crack opening profile of SS-Coarse from DCB measurements under an applied KI 
= 3.60 MPa m1/2. 
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6.2 Discussion 
Room temperature strength of boron-carbon doped silicon carbide is reported to be in the 
range of 307 - 380 ± 46 MPa [176], while for LP-SiC, higher value are obtained in the range 
of 423 - 625 ± 55 [39]. This is in line with strength values obtained in this study. The 
toughness values measured using 3 point bend samples also agree with typical values 
reported for SiC with similar microstructures. The toughness of liquid phase sintered fine 
grained SiC is found to be in the range of 4.0 to 4.6 MPa m1/2 [60, 63, 172]. On the other 
hand, elongated grains lead to toughness values between 6.0 and 7.5 MPa m1/2 [37, 39, 60, 
69, 70]. The lower toughness of SiC sintered with boron and carbon is consistent with values 
of 3 MPa m1/2 and 3.5 MPa m1/2 for fine and coarse grained system respectively reported 
elsewhere too [37, 69]. This confirms that the observations made here are for materials 
comparable with published SiC systems.  
For LP-SiC, toughness increases when grain size increases, but the opposite is true for 
room temperature strength. This trade-off between strength and toughness has been also 
observed for other non-oxide ceramics sintered with oxide additives [39, 43, 122, 176]. On 
the other hand, introducing coarse grains in the solid state materials improves both strength 
and toughness, which is in agreement with observations by Dutia et al. [176]. In spite of this 
improvement, the LP-SiC materials still offer better toughness and strength. For example, 
LP-Coarse exhibits a toughness twice as high and a strength increase of ~ 15% compared 
to SS-Coarse. In order to illustrate this trade-off between strength and toughness, data 
obtained in this study are compared to literature data [39, 43, 122, 176] in Figure 113. 
Introducing liquid phase and coarse grains in silicon nitride based material improves 
toughness to value up to 8.1 MPa m1/2, however this has a dramatic effect on strength as it 
reduces from 900 MPa (KIC=5.6 MPa m1/2) to 500 MPa. This suggests that grain growth in 
solid state sintered ceramics does not lead to a change in defect size whereas in liquid 
phase sintered ceramics clearly does, which is probably due to the weakness of the grain 
boundary. 
138 
 
 
Figure 113: Strength versus fracture toughness at room temperature. Note the decrease in 
strength with increasing toughness. The obtained mechanical properties of this study is in line 
with literature [39, 43, 122, 176]. 
 
It is well known that the strength of a material depends heavily on the flaw size, shape and 
distribution in the specimen’s surface [176]. Indeed, one would expect that microstructure 
containing fine grains should have minimum amount of defects compared to materials with 
elongated grains [39]. Additionally, clusters of elongated grains near the surface could act as 
an origin for fracture and hence reducing strength [39]. In fact, Sciti et al. [32] support this 
view by studying the effect of flaw size on the strength of silicon carbide sintered with oxide 
additives. They observed that strength indeed decreases with increasing flaw size produced 
by indents, Figure 114. From Figure 114, it can be seen that increasing the flaw size by a 
factor of two leading to a decrease in strength by approximately 35%. This illustrates the fact 
that the liquid phase sintered materials suffer from an increase in flaw size directly related to 
their grain size e.g. the debonding of grain boundaries will give flaws of the order of the grain 
size.  
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Figure 114: Strength versus flaw size of liquid phase sintered silicon carbide. Note the 
decrease in strength with increasing flaw size [32]. 
 
It was not possible to measure the toughness at zero crack length, KIC(0) from the DCB 
measurements. This is due to the fact that the stiffness of the rig was too low to prevent 
initial cracking to reach crack lengths above 100 µm. To overcome the lack of knowledge 
about the zero crack length toughness, it was decided to assume a value of 2 MPa m1/2, 
which corresponds to a surface energy of silicon carbide of 8 J m-2 [177] to be able to 
calculate the traction forces.  
This is perhaps counterintuitive since one could consider different KIC(0) values for silicon 
carbide materials with different chemistries due to the difference in energies along the grain 
boundaries and that in the surrounding matrix. However, the work of Gubernat et al. [21] 
support the view that KIC(0) does not vary with chemistry. They showed by measuring 
dihedral angles that for solid state sintered silicon carbide, grain boundary and free surface 
energies are very similar with a difference of less than 12%. Table 11 shows the small 
difference in grain boundary energy (ߛ௦ீ) to free surface energy (ߛ௦௦) ratio of pure silicon 
carbide to that of silicon carbide sintered with different solid state additives. 
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Table 11: The ratio of grain boundary energy to free surface energy of pure silicon carbide and 
sintered with different additives [21]. No big effect on this ratio by using additives or without. 
Material ࢽ࢙࢙/ࢽ࢙ࡳ 
Pure SiC 1.00 
SiC+0.5% B 1.14 
SiC+3% C 1.14 
SiC+3%C+0.5% B 1.12 
 
Moreover, several works on the effect of oxide additive on KIC(0) for silicon nitride have been 
recently studied [84, 178, 179]. Fünfshilling et al. [179] obtained a difference of 13% in KIC(0) 
for silicon nitride sintered with different oxide additives, material 1 and material 2 in Table 12. 
The exact amount of oxide additives of material 1 was not included in their work and 
therefore is represented by x in Table 12. Moreover, Kruzic et al. [178] measured the KIC(0) 
for silicon nitride sintered with alumina and yttria, similar additives used in this work for LP-
SiC. A value of 2.2 MPa m1/2 was determined with a difference of less than 10% compared to 
the one obtained by Fünfshilling et al. [179]. Sintering silicon nitride with yttria and silicon 
oxide gives also similar value of KIC(0) as it is suggested by Ziegler et al. [180]. The results 
of the mentioned studies indicate that a small difference in KIC(0) is achieved for silicon 
nitride using different type and amount of oxide additives. Therefore, using a value of 
2 MPa m1/2 for the four silicon carbide of this study is considered a reasonable approximation 
for the analysis.  
Table 12: Summary of literature data on KIC(0) for silicon nitride materials sintered with 
different oxide additives [84, 178, 180]. 
Material Starting powder Additives  
wt.% 
KIC(0) 
MPam1/2 
1 Si3N4 xY2O3+xAl2O3 2.0 
2 Si3N4 5Y2O3+2MgO 2.3 
3 Si3N4 2Y2O3+1Al2O3 2.2 
4 Si3N4 5Y2O3+1.5SiO2 2.1 
 
The remarkable increase in KIC values for the liquid phase sintered SiC compared to the 
solid state sintered SiC demonstrate the paramount influence of the grain boundary 
chemistry on improving toughness. From literature review, it was shown that this 
improvement in toughness is attributed to the presence of a second phase at triple junctions 
and / or oxides complexion segregated along the grain boundaries which gives rise to crack 
deflection and grain bridging. Due to the difference in the thermal expansion coefficients 
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between the second phase (oxide complexions segregated along the grain boundary) and 
that of the SiC grains [57] upon cooling after sintering, a strain field will be formed around 
those oxide particles. The crack will tend to deviate from its path as soon as it is in contact 
with weak particles or weak grain boundaries and the strain field will tend to allow crack 
propagation around the oxide particles rather toward them (intergranular fracture). crack 
deflection out of the plane normal to the applied stress leads to reduced stress intensity at 
the crack tip and therefore improved fracture toughness [59]. SEM micrographs of crack 
deflections in LP-SiC materials are shown in Figure 115 and Figure 116. It is noticeable that 
there is stronger deflection in the LP-Coarse compared to the deflection in LP-Fine.  
 
 
Figure 115: SEM micrograph showing crack deflections in LP-Fine. Arrows indicate crack 
deflection in different sites. 
 
 
Figure 116: SEM micrograph showing crack deflection in LP-Coarse. Arrows indicate crack 
deflection. Note the strong deflection around elongated grain, which enforces the crack to 
deviate from its straight path. 
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Because the grain boundaries are considered strong and clean in the boron-carbon doped 
silicon carbide, crack deflection would be difficult to occur [37]. In fact, the flat crack path of 
SS-Fine is consistent with this view, Figure 117. In the case of SS-Coarse, crack deflections 
were observed, however not strongly as in the case of LP-SiC. Furthermore, crack 
propagation through a coarse grain was observed, Figure 118. This is expected due to the 
strong grain boundary, the crack was enforced to propagate transgranularly rather than 
intergranularly, which is observed in fracture surfaces in Figure 101.  
 
 
Figure 117: SEM micrograph showing the straight crack path in SS-Fine. Circle shows a 
possible crack path through a grain.  
 
 
Figure 118: SEM micrographs showing possible crack deflection in SS-Coarse (left) and 
transgranular crack path (right). Arrows indicate crack deflection. Note, the crack propagation 
through the grain with dashed lines indicates possible grain boundaries. 
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This lack of crack deflection in SS-SiC materials is also observed by Padture et al. [63] and 
Lee et al. [37]. They showed that introducing plate-like grains in transgranular materials such 
as SS-SiC materials is not sufficient to introduce high crack deflection angle as it was 
proposed by Faber et al. [59]. In fact, this is consistent with observations made by Zhang et 
al. [44] on ABC-SiC. They observed that by varying the aluminium content, it is possible to 
change the fracture mode from intergranular to transgranular regardless of having elongated 
grains, Figure 119. The main reason for this behaviour is that when Al content exceeds 
5 wt.%; an excess of free Al segregated along the grain boundary leading to a crystallised 
grain boundary films instead of an amorphous film and thus a stronger grain boundary [44].  
This means that in line with existing views crack deflection is controlled extensively by the 
grain boundary chemistry rather than grain morphology. However, the amount of liquid 
phase present in the microstructure also affect the crack deflection as it is proposed by Kim 
et al. [58]. They observed that crack deflection angle measured from indentations crack 
opening increases with increasing volume fraction of the second phase in the microstructure 
of silicon carbide and hence improving toughness, Figure 120. When a microstructure 
contains no second phase at all, very low deflection angle is observed associated with very 
low toughness (2.5 MPa m1/2). On the other hand, a toughness increase of ~ 40% is 
obtained by introducing a microstructure with 16 % second phases in it. This is in line with 
observations of this study. 
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Figure 119: SEM micrographs of ABC-SiC with different Al contents ranging from 3 to 7 wt.%. 
This shows the effect of aluminium content on fracture type of silicon carbide. Increasing Al > 
6 wt.% leads to transgranular fracture regardless of grain morphology, reprinted with 
permission from [44]. 
 
 
Figure 120: The relationship between crack deflection angle, volume fraction of second phase 
present in the microstructure and its effect of fracture toughness based on the work of Kim et 
al. [47]. 
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Introducing weak grain boundaries is advantageous not only for crack deflection, but also for 
facilitating the forming of grain bridge behind the crack tip [74]. Grain bridging is normally 
connecting both crack faces creating closing forces behind the crack tip preventing the crack 
from further extension [61]. This resistance to crack extension increases with increasing 
crack length leading to increase in toughness. It is well documented that grain bridging 
consists of three stages: the formation of unbroken grain ligaments (elastic bridging), 
partially debonding of elastic bridging and finally the frictional pull-out of these ligaments 
from the surrounding matrix [39, 69, 181].  
Elastic bridging zones are observed in the four microstructures during toughness 
measurement using DCB test, Figure 121 through Figure 124. As expected, the elastic 
bridging size is bigger in coarse grained compared to fine grained microstructure. Such 
elastic bridging zones are also observed during slice and view using FIB technique in LP-SiC 
and SS-SiC materials, Figure 125 through Figure 128. From Figure 125, it is shown how the 
crack deviates its path due to the presence of a grain which changes the crack direction from 
its right position to its left position. Moreover, Figure 126 shows two possible situations for 
elastic bridging in LP-Coarse material. Situation one, which is similar to the one obtained in 
Figure 125 for LP-Fine, whereas situation two shows that the crack front is divided into two 
segments due to the presence of another grain. For SS-Fine, the elastic bridging tend to split 
the crack front into different segments, however their effect is not strong compared to LP-
Coarse, Figure 127. As the grain morphology changes to elongated grains, the elastic 
bridging zones are more noticeable in SS-Coarse, Figure 128. 
Once the applied load overcomes the elastic bridging forces, crack will further propagate 
experiencing new resistance by debonding and frictional pull-out of the broken ligaments 
[137]. Debonded ligament sites due to friction were also observed in both LP-SiC materials, 
Figure 129 and Figure 122. Similar observations are obtained in ceramics having 
intergranular fracture and oxide complexion in their microstructure such as alumina [64, 
182], ABC-SiC [175, 178] and silicon nitride [67, 68].  
For SS-SiC materials, no grain bridging due to frictional pull-out was observed anywhere 
along the crack path. As explained earlier, due to the strong nature of the grain boundaries, 
enforcing the crack to penetrate through the grain leaving the fractured grain behind and 
hence no chance to develop any long range grain bridging. This is in agreement with the 
works of Padture et al. on silicon carbides with transgranular fracture and with clean 
microstructure from any glass / oxides [62, 63]. 
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Figure 121: SEM micrograph showing elastic bridging zone of LP-Fine during toughness 
measurements using DCB. Arrows indicate the location of the elastic bridging zone. 
 
 
Figure 122: SEM micrograph showing elastic bridging zone of LP-Coarse during toughness 
measurements using DCB. Yellow arrows indicate the location of the elastic bridging zone and 
red arrows show regions where friction contributes to bridging. 
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Figure 123: SEM micrograph showing elastic bridging zone of SS-Fine during toughness 
measurements using DCB. Arrows indicate the location of the elastic bridging zone. 
 
 
Figure 124: SEM micrograph showing elastic bridging zone of SS-Coarse during toughness 
measurements using DCB. Arrows indicate the location of the elastic bridging zone. 
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Figure 125: FIB micrographs showing elastic bridging for LP-Fine. Squares represent the area 
of interest, where elastic bridging takes place. Note how a grain moves from being to the left of 
the crack to being to the right of the crack. 
 
 
Figure 126: FIB micrographs showing elastic bridging for LP-Coarse. Squares represent the 
area of interest, where elastic bridging takes place. 
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Figure 127: FIB micrographs showing elastic bridging for SS-Fine. Arrows indicate continuous 
crack path. Squares represent potential elastic bridging zones, where the crack front is divided 
in two paths. 
 
 
Figure 128: FIB micrographs showing elastic bridging for SS-Coarse. Squares represent the 
area of interest, where elastic bridging takes place. 
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Figure 129: SEM micrograph showing frictional bridging zone of LP-Fine (yellow arrows) 
during toughness measurements using DCB.  
 
The LP-sintered SiC show a remarkable rising R-curve for long cracks (>100 µm) with a 
substantial long range traction (Pmax), Figure 99. Perhaps surprisingly the magnitude of Pmax 
is similar for the fine grained materials and the material containing coarse grains. However, 
the lack of grain bridging of the solid state sintered materials leading to flat R-curve 
behaviour for long crack region. This result is in good agreement with previous work from 
literature [37, 62, 69].  
However, for shorter cracks, the magnitude of the closing force (P0) becomes larger as grain 
size increases regardless of the nature of its failure mode (Table 10). On the other hand, the 
grains are slightly larger in the SS-Coarse material than in the LP-Coarse material, i.e. the 
closure force increases stronger with grain size in materials with intergranular failure than in 
those with transgranular failure. The key finding here, is that such initial elastic bridging (P0) 
is possible in materials where the interfaces does not give rise to extensive crack deflection 
and is dependent on grain size for such materials as well. That the initial elastic bridging by 
grains is important is in line with more recent views by Fünfshilling et al. [67] on self-
reinforcement toughening of silicon nitride. They observed that the R-curve undergoes four 
distinct regions before reaching the steady state condition. Elastic bridging is highly active in 
region I, where also the largest contribution to toughness takes place for short crack length 
of 10 µm. In region II and III, toughness increases over large crack length due to partially 
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debonded and frictional pull-out of elastic bridging respectively. Once the R-curve reaches 
the saturated value, no apparent increase in toughness is observed (region IV) [67].  
Figure 130 shows the R-curve behaviour of silicon nitride materials sintered with different 
oxide additives, data obtained from Fünfshilling et al. [67]. Both materials show a remarkable 
increase in short crack lengths (steep rising slope). However, silicon nitride sintered with 
MgO has higher peak of toughness in stage I and also shows further increase in long crack 
regime. One may consider the difference in oxide types and amount leading to such 
difference in the R-curve. In fact, as explained earlier, the amount of oxide additives affect 
the toughness of silicon carbide and this may also be the case for the mentioned silicon 
nitride.  
Taking a closer look into Figure 130, one may compare the R-curve behaviour of such 
silicon nitride to that of silicon carbide of this study. The R-curve of LP-Coarse may be 
similar to that of silicon nitride sintered with MgO. Whereas, the R-curve of Si3N4+Al2O3+rare 
earth shows flat R-curve after stage I and may be comparable to the one of SS-Coarse. This 
is an interesting result due to the fact that the SS-SiC materials of this study may show such 
a steep rising slope for short cracks similar to the one obtained for Si3N4+Al2O3+rare earth. 
In fact, the high elastic bridging forces for short cracks calculated in this study to fit the R-
curve support this view (Table 10).  
 
 
Figure 130: R-curve of silicon nitride sintered with different oxide additives. Both curves show 
a remarkable steep slope over short cracks. However, Si3N4+MgO material shows further 
increase compared to the flat R-curve for long cracks for Si3N4+Al2O3+rare earth [67]. 
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Moreover, this new finding is entirely consistent with the observation that fracture energies of 
polycrystalline ceramics with anisotropic thermal expansion such as silicon carbide and 
alumina are higher than those of single crystals, whereas for cubic materials with isotropic 
thermal expansion like MgO such difference does not exist [177]. Rice et al. [183] observed 
that the fracture energy indeed increases with grain size in alumina, however no real effect is 
observed in MgO. Table 13 shows for example that fracture energy in alumina increases 
from 48 J m-2 to 70 J m-2 when grain size rises from 4 µm to 20 µm respectively. On the 
other hand, the fracture energy in MgO is constant irrespective of increasing grain size to 
200 µm [183].  
Table 13: Fracture energy and grain size of alumina and MgO obtained from the work of Rice et 
al. [183]. 
Material Fracture energy 
J m-2 
Grain size 
µm 
Alumina 35 3.5 
Alumina 48 4 
Alumina 50 10 
Alumina 70 20 
MgO 10 8-200 
 
Hence, the residual stresses due to anisotropic thermal expansion frustrate the movement of 
tip of the crack so that elastic bridges form and these cause the initial rise in the R-curve. For 
intergranular failure, the residual stresses have long been recognised as playing an 
important role [30, 34, 58, 184], but it is suggested here that they do too for transgranular 
failure. It is proposed that this arises because some grains, presumably those which have 
compressive stress acting against the crack, do not allow the crack to progress along its 
plane locally. The crack therefore will have to circumvent those grains by spreading around 
them or penetrate those grains at an angle and following this re-joining the main crack front 
as described by Green [185]. Moreover, the effect is stronger in the LP sintered materials 
following from the fact that the elastic bridge does not fail by crack penetration, but by 
increasing debonding followed by pull-out. 
A three dimensional analysis of such crack bowing by Bower et al. [186] supports this view. 
Consider a crack front propagates in a material consisting of solid particles, (situation a) in 
Figure 131. As the crack front encounters into a particle with high toughness, part of its front 
will tend to arrest, (situation b). By increasing the crack deriving force (applied load), the rest 
of the crack front will propagate and bows out around the solid particle, which is illustrated in 
(situation c) and (situation d). If the particle is tough enough to resist the crack from 
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penetrating through it, then the complete crack front will circumvent leaving the intact particle 
behind it leading to the formation of bridging, (situation e).  
 
 
Figure 131: Crack front propagation and bowing out from solid particle leading to formation of 
grain bridging. Picture redrawn from [186]. 
 
The 2D imaging using FIB technique of the LP-Coarse supports the basic view proposed by 
Bower as illustrated in Figure 106 through Figure 108. For simplification, Bower’s model 
assumes that the grain which holds the crack is flat; however, the grains in the LP-Coarse 
material have a volume. Because of the above, it is possible that the grain would hold the 
crack not only in the z axis, but at any possible direction. In order to facilitate the comparison 
between Bower model and the results obtained from FIB imaging of this work, a hypothetical 
FIB imaging of Bower’s model is proposed. Based on the information provided by Figure 
131, it is possible to obtain the evolution of the crack separation along the X direction as 
shown in Figure 132. Moreover, situation a1 is added to Figure 132, which is not shown 
originally in Figure 131 in order to illustrate how the grain length, which holds the crack from 
propagating, would evolve for the situations proposed. It can be seen that the grain length is 
relatively small as the crack finds the start of the grain, it grows around its increased cross-
section (situation b) and eventually becomes smaller again as it reaches the end of the grain 
(situation d).  
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Figure 132: A hypothetical FIB imaging that could explain Bower model based on the 
information of Figure 131. 
 
The complete crack path is shown in Figure 106, which may be similar to situation (a) from 
Figure 132, although its shape is tortuous instead of straight, presumably due to the 
presence of volumetric grains. At a distance of X0+2280 nm, the crack bumps into a grain, 
which is shown as a small curve comparing to the rest of the crack path, comparable to 
situation a1 in Figure 132. Part of the crack path is not visible at a distance of X0+2200 nm, 
because the grain is holding it from either side to prevent further propagation. Until 
X0+1800 nm, the separation between the crack faces is considered small, although this 
separation occurs in a different direction (perpendicular to the crack front as shown in Figure 
106, rather than in its direction, as shown in Figure 132. A noticeable big separation is 
observed at a distance of X0+1500 nm. Further splitting of crack faces takes place, where it 
is largest at a distance equal to X0, Figure 108. 
Due to the fact that a safety distance from the crack tip was kept within the FIB sample, it 
would have been expected that the first slice obtained upon milling would show a 
microstructure free of cracks. However, in this study, a crack-free microstructure could not 
be detected in spite of having attempted to observe such effect in several samples using FIB 
techniques. Figure 108 shows the first FIB slice of the LP-Coarse microstructure with a long 
crack which propagates along the grain boundaries. Care was taken to ensure that enough 
distance ahead of the crack tip was included within the sample in such a way that the crack 
tip could be clearly located.  
It is assumed that the crack propagated further during the slice and view process in some 
way resulting in a shifting of its position. This is possibly a consequence of crack extension 
driven by a relaxation of the residual stresses when the material surrounding the crack is 
milled away. Therefore, obtaining the exact location of the crack tip is believed to be very 
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challenging using the FIB techniques and hence no 3D reconstruction of the crack tip was 
possible with the results obtained.  
Considering the measured and simulated crack opening profiles given in Figure 109 through 
Figure 112, several observations can be made. In all cases for distances behind the crack tip 
of more than 1 mm, best agreement is with the traction free crack. However, for shorter 
distances, agreement is better with the traction one especially for the LP-SiC materials. For 
the SS materials despite some tractions being present, the closing near the tip is not 
explained by it very well. It must be pointed out that this method assumes that the crack is a 
flat plane so that the opening at the surface is a measure for the opening across the entire 
width of the front. It therefore also assumes homogeneous tractions along the length of the 
crack while in reality tractions will occur in a more localised manner due to exact position of 
the bridges. 
If one would consider that coarse grained materials have a more tortuous crack path 
compared to fine grained materials, this may explain the large variation of the measured 
data, see Figure 133. However, this is true for limited set of points, but not when it comes to 
a large set of data. It is also observed that some of the measured data after 1 mm crack 
length are above the unbridged crack. This seems physically not possible as the crack 
opening displacement with no grain bridging has to be always bigger than the one with grain 
bridging especially for materials with grain bridging as it is the case of LP-Coarse. 
Therefore, the crack profiles could be fitted either at the beginning of the crack (up to 1 mm) 
or at the end between 1 mm and 2 mm. This means that it is not possible to fit the measured 
data along the total observe crack length. Thus, the crack profile method may not consider 
accurate enough in determining the traction forces due to large errors associated with the 
fitting. 
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Figure 133: Measured crack opening profile of LP-Coarse with simulated COD of free and 
bridging cases. Circle indicates the set of data outside the fitting zone. 
 
Similar crack profiles with large variation in the measured data is observed in the work of 
Pezzotti et al. [187] and Fünfshilling et al. [84] on silicon nitride with bimodal grain size 
distribution, similar in microstructure to the LP-Coarse of this study. Both studies used the 
crack opening profile method to obtain the traction forces and hence simulating the R-curve, 
which is completely the opposite approach to the current work. Figure 134 shows the crack 
profiles of silicon nitride for both mentioned studies. It is clear that the fitting was not valid 
along the total observed crack length. Also, they observed much more variation in the 
measured data compared to the one of this work, which makes the fitting even more 
challenging with large and unacceptable errors. Based on the results of this study and from 
the literature, one may consider using the crack opening profile method is not an accurate 
method in determining the traction forces. In this study, it was demonstrated that using the 
R-curve measurements instead to determine the traction forces appear to be more 
promising.  
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Figure 134: Crack opening profiles of silicon nitride obtained by Pezzotti et al. [187] and 
Fünfshilling et al. [84]. Note, the large variation in data, which makes the fitting challenging 
along the total crack length. Pictures modified from [84, 187] 
 
6.3 Conclusions 
The mechanical properties of silicon carbide materials with different grain boundary 
chemistries and grain sizes were studied. The toughness (KIC) is improved by 33% using 
liquid phase sintering and further increases are achieved by introducing elongated grains. 
This improvement is more noticeable in the liquid phase sintered materials than in the solid 
state sintered materials. Introducing second phase in terms of glass pockets at triple 
junctions and / or oxide complexions in grain boundaries favours in improving toughness; 
however for such materials improving toughness reduces strength.  
For the liquid phase sintered SiC, toughness is improved by introducing weak grain 
boundaries as a result of the thermal expansion mismatch between the second phase and 
the matrix enhancing crack deflection and grain bridging. This effect may explain the 
continued increase in toughness for very long cracks, which only occurs for LP-SiC only. 
However, the four studied materials exhibit a strong increase in KIC for short cracks and the 
magnitude of the short range closing forces becomes larger as grain size increases. 
Although this could be expected for intergranular fracture, it is suggested that the residual 
stresses due to thermal expansion anisotropy in SiC trigger the same effect in materials that 
exhibit transgranular failure. These stresses lead to some grains stopping the crack and 
forcing it to grow round them or to deflect through the grains and that the effect is stronger 
when the grains are larger. 
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For crack opening profiles, it is shown that that the measured data shows large variation and 
it was not possible to obtain a reasonable fitting along the observed total crack length 
introducing unacceptable errors suggesting that the crack profiles method in determining the 
traction forces may seem not accurate enough for this purpose. In part this may be due to 
only observing the crack front at one position and trying to derive an average behaviour from 
it. Therefore, fitting to the R-curve measurement, which represents the average response 
over the crack front, appears more reliable to obtain tractions.  
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7 Fatigue of silicon carbide  
From the literature review, it is clear that some ceramic materials fatigue under static and 
cyclic loading. In either loading case, the materials fail due to sub-critical crack growth and 
this may lead to a scenario in which failure may occur without apparent warning [91]. 
However, it is also important to differentiate between the effect of microstructure and grain 
boundary chemistry on such fatigue behaviour. By studying these effects, one could obtain a 
clear picture of which material may be used in which application in order to avoid 
unexpected failure. This evaluation is very crucial in applications for space and 
bioengineering (hip, tooth, etc.) industries.  
In this chapter, the behaviour under fatigue conditions of four different silicon carbide 
materials is studied. Static fatigue is conducted using constant stress rate testing in water 
and double torsion testing in air and in water. On the other hand, cyclic fatigue was 
investigated using four point bending test in air. The methods of both tests are outlined in 
chapter four. The results of tests performed will be presented here and discussed in detail.  
7.1 Static fatigue 
7.1.1 Constant stress rate (CSR) test in water 
The fracture stress in water of the indented samples obtained by four point bending test as a 
function of the stress rate is plotted in Figure 135. Each symbol represents the average 
fracture stress calculated from 5 samples at different stress rates. The error bars show the 
standard deviation of the results. The higher toughness of the liquid phase sintered SiC, 
leads to higher fracture stress for indents produced with the same load comparing to the 
solid stated sintered materials. But more important is the fact that the fracture stress of the 
solid state sintered SiC hardly varies with loading rate, whereas the fracture stress of the 
liquid phase sintered materials decreases when the loading rate is reduced. The inert 
strength values measured in oil are higher than the maximum fracture stress for all samples. 
The slow crack growth exponents, n, and the values for the fracture stress measured in inert 
environment (oil) are listed in Table 14. The n values of the solid stated SiC are much higher 
compared to the liquid phase SiC, additionally n was higher by introducing coarse grained 
microstructure in both chemistries. 
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Figure 135: Failure stress versus stress rate of the four SiC materials in water with their 
corresponding inert strength measured in oil. Each symbol represents an average value of 5 
samples. Note the strength degradation of LP-SiC with decreasing loading rate in contrast with 
the more constant strength for SS-SiC. 
 
Micrographs of the fracture surfaces after testing in water are presented in Figure 136. There 
was no noticeable effect of different testing speeds on the fracture surfaces. Therefore, it 
was decided to show the fracture surfaces of samples tested at 0.001 mm min-1 only. The 
liquid phase sintered materials show intergranular failure, whereas in both solid state 
sintered materials the fracture is transgranular, which is consistent with observations 
reported elsewhere [35, 37, 39, 58, 69] and in chapter six.  
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Figure 136: SEM micrographs of the fracture surfaces after the constant stress rate test in 
water at 0.001 mm min-1 for: (a) LP-Fine, (b) LP-Coarse, (c) SS-Fine and (d) SS-Coarse. Note, 
the intergranular fracture of LP-SiC comparing to the transgranular fracture of SS-SiC. 
 
7.1.2 Double torsion (DT) test in air and in water 
The crack velocity versus the applied stress intensity (ݒ-KI) curve measured in air and in 
water are plotted in Figure 137. Each symbol represents the average data of two samples of 
each material obtained from the load relaxation method measured either in air or in water. 
The measured data were collected at crack velocities between 10-7 ms-1 and 10-4 ms-1. The 
average fracture toughness (KIC) from SENB measurements is also plotted in Figure 137 to 
show the region of fast fracture. The horizontal bar shows the scatter from the individual KIC 
measurements. The values of the correction factor m/k used to calculate KI are listed in 
Table 14.  
The crack growth rates of LP-Coarse occur at higher KI values comparing to the other three 
SiC materials. Figure 137 shows that cracking occurs at lower applied KI in water than in air 
for LP-SiC. In contrast, for the solid state sintered materials there is no difference between 
the data measured in air and in water. 
The slow crack growth data in terms of A and n are given in Table 14. The n values obtained 
from both types of tests are very similar, which confirms the validity of the results. 
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Figure 137: ࢜-KI curve of different SiC in air and water using DT measurements. The results 
shown are the average of two samples. The KIC range of all SiC is given as well to show the 
region of fast fracture. Note the environmental effect on LP-SiC that is represented by the shift 
in data measured in air and in water comparing to data of SS-SiC. 
 
Table 14: Slow crack growth parameters using constant stress rate (CSR) and double torsion 
(DT) testing in water with inert strength in non – moisture environment. 
SiC 
Material 
n (CSR) 
- 
water 
σinert (CSR) 
MPa 
oil 
n (DT) 
- 
water 
A (DT) 
ms-1 
water 
n (DT) 
- 
air 
A (DT) 
ms-1 
air 
m/k 
- 
LP-Fine 41 ± 5 320 ± 32 44± 20 8.0x10-26 48± 11 1.2x10-29 1/15 
LP-Coarse 60 ± 11 415 ± 30 64 ± 12 1.4x10-51 68 ± 23 1.1x10-57 1/58 
SS-Fine 108 ± 10 203 ± 20 131 ± 23 8.5x10-63 135 ± 16 1.6x10-103 1/61 
SS-Coarse 340 ± 18 225 ± 21 383 ± 33 5.3x10-192 405 ± 18 6.0x10-211 1/83 
 
Figure 138 shows a typical fracture surface of a double torsion sample, which illustrates the 
notch, the pre-crack and slow crack growth zone during load relaxation. The shape of the 
crack front and the region of the unbroken ligament are also observed. Further investigation 
at higher magnification of the fracture surfaces after testing in water are presented in Figure 
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139. Consistent with the constant stress rate test, the liquid phase sintered materials show 
intergranular failure, whereas the solid state sintered materials have transgranular fracture.  
 
 
Figure 138: SEM micrograph of the fracture surface of LP-Fine showing the notch, the pre-
cracked and SCG zone. Note the direction of crack propagation and the unbroken ligament. 
 
 
Figure 139: SEM micrographs of the fracture surfaces using double torsion test in water: a) 
LP-Fine, (b) LP-Coarse, (c) SS-Fine and (d) SS-Coarse. Note the intergranular fracture of LP-
SiC comparing to the transgranular fracture of SS-SiC, which is consistent with the ones 
obtained from CSR test (Figure 136) and in chapter six. 
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7.2 Cyclic fatigue 
The load versus displacement under applied stress intensity of 85-90% of KIC with load ratio 
(Kmin/Kmax = 0.1) at 5Hz of the studied SiC is presented in Figure 140 through to Figure 143. 
The graphs show three different colours for load versus displacement obtained after: 2x105 
cycles (black), 6x105 cycles (red) and 1x106 cycles (blue). There is no change in slope, 
which suggests the crack was not advancing under cyclic loading. Optical observation of the 
crack confirmed no further crack growth occurred and the crack remained at its pre-crack 
position prior testing.  
 
 
Figure 140: Load versus displacement of LP-Fine during cyclic loading at 5 Hz for: (black) after 
2x105 cycles, (red) after 6x105 cycles and (blue) after 1x106 cycles. The test was conducted at 
KI = 3.99 MPa m1/2 and R (Kmin/Kmax) = 0.1.  
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Figure 141: Load versus displacement of LP-Coarse during cyclic loading at 5 Hz for: (black) 
after 2x105 cycles, (red) after 6x105 cycles and (blue) after 1x106 cycles. The test was 
conducted at KI = 5.85 MPa m1/2 and R (Kmin/Kmax) = 0.1. 
 
 
Figure 142: Load versus displacement of SS-Fine during cyclic loading at 5 Hz for: (black) after 
2x105 cycles, (red) after 6x105 cycles and (blue) after 1x106 cycles. The test was conducted at 
KI = 3.0 MPa m1/2 and R (Kmin/Kmax) = 0.1. 
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Figure 143: Load versus displacement of SS-Fine during cyclic loading at 5 Hz for: (black) after 
2x105 cycles, (red) after 6x105 cycles and (blue) after 1x106 cycles. The test was conducted at 
KI = 3.5 MPa m1/2 and R (Kmin/Kmax) = 0.1. 
 
7.3 Discussion 
7.3.1 Slow crack growth under static loading 
Silicon carbide was considered not to be susceptible to slow crack growth [188] due to its 
strong covalent bonding comparing to oxide ceramics with ionic bonding such as alumina [3, 
105, 189], zirconia [166, 190] and glass [90-92, 191]. The strength independence on stress 
rate for the solid state sintered silicon carbides of this study is consistent with this view. 
However, for the liquid phase sintered silicon carbides, the strength does reduce for slower 
loading during constant stress rate and therefore these show crack growth below KIC. Similar 
behaviour of strength degradation in water at ambient temperature has been also observed 
in alumina [104] and glass [106]. This is expected for oxide ceramics, because slow crack 
growth occurs as a result of chemical reaction between water molecules and the metal – 
oxide (M-O bonds) [92]. For the LP-SiC materials of this work, TEM analysis (Figure 95 
through Figure 97) shows that their microstructure contains glass pockets at the triple 
junctions and the grain boundary complexions have an oxide nature (containing Al, Y and 
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O), which make the LP-SiC susceptible to SCG. Conversely, SS-SiC with microstructure 
clear from any glass or oxides, is not susceptible.  
A similar behaviour has been also observed by Yamauchi et al. [119] using constant stress 
rate method in air. They showed that static fatigue behaviour of silicon nitride and silicon 
carbide highly depends on the amount of glassy phase present in the microstructure. 
Producing non-oxide ceramics with very low or no oxide additive in their microstructure 
ensures that they are immune to slow crack growth, which is reflected in their high values of 
the slow crack growth exponent, n, Table 15. This is in a good agreement with the SS-SiC of 
this study. The more oxide additives present in the microstructure, the more susceptible the 
material will be to stress corrosion. For example, n of silicon nitride sintered with 4 wt.% 
oxides additives is 110 comparing to a value of 53 with 10 wt.% oxide additives, which is 
comparable to LP-SiC of this study. This suggests that a chemical reaction between 
moisture (water) and the glassy phase takes place rather than with the matrix itself leading 
to stress corrosion as it was suggested by Choi et al. [120]. In fact, when failure occurs at 
the grain boundary (intergranularly) of covalent materials (as it is the case of the two LP 
materials of the study), it is the grain boundary chemistry (grain boundary complexion) which 
determines the sensitivity to water and hence to slow crack growth. 
Furthermore, in order to illustrate the effect of grain boundary chemistry on the slow crack 
growth behaviour, different n values of oxide and non-oxide ceramics are listed in Table 15. 
For example, at n = 60 and 67, the exponent for the LP-Coarse is similar to what has been 
measured for Si-Y-Al-O-N glasses [98]. The value of the fine grained material, n = 45 and 
44, is comparable to that for alumina in water [188]. In fact, the n values of the LP-SiC of this 
study are two to three times higher than the one measured for soda lime glass [90]. Indeed, 
a material consisting of bulk glass phase distributed everywhere such as soda lime glass 
shows more sensitivity to slow crack growth versus a material with glass pockets located at 
triple junctions or with oxide complexions segregated along the grain boundary [33], which is 
the case of LP-SiC. The absence of slow crack growth in glass-free materials such as SS-
SiC of this study and Sialon [120] and its appearance at a rate comparable to what has been 
seen in glasses and alumina clearly establishes that it is the glass phase or oxide 
complexions on the grain boundaries that induces the susceptibility to moisture.  
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Table 15: Slow crack growth exponent, n for different oxide and non-oxide ceramics at room 
temperature from literature [98, 119, 188]. 
Material n Environment 
Alumina 43 Water 
Soda lime glass 19 Water  
Si-Y-Al-O-N glasses 63 Water 
Si3N4+2%MgO 76 Air 
Si3N4+1%Al2O+3%Y2O3 110 Air 
Si3N4+6%Al2O3+4%Y2O3 53 Air 
SiC+2% Al2O3 95 Air 
Sialon 350 Air 
 
The ݒ-KI curve measured using the double torsion test (Figure 137) did not show the 
expected three regions (I, II and III) of slow crack growth behaviour as discussed e.g. by 
Evans [192] and observed in glass [90, 91, 193]. However, taking into account the effect of 
the environment on the ݒ-KI curve of oxides, see below, the clear shift in the ݒ-KI curve of 
the LP- SiC when the test environment is changed from air to water indicates that the data 
should correspond to region I where the crack growth is highly dependent on the applied 
stress intensity and testing environment. A shift in ݒ-KI curve between measurements made 
in air and in water has also been observed in glass [90], alumina [105], yttria stabilized 
zirconia [190] and some silicon nitride [122]. These are plotted in Figure 144, together with 
the data of LP-SiC of this study. The main common factor for the ceramics in Figure 144 is 
that they contain glass or oxides complexions in their microstructure or even the oxide 
materials themselves. As explained earlier that M-O bonds are prone to slow crack growth 
due to stress corrosion cracking assisted by water molecules [90]. Indeed, the slow crack 
growth sensitivity of a given material depends on its affinity to water. Materials presenting 
ionic bonds are more sensitive to water than covalent bonded materials.  
However, in the SiC data obtained here there is no evidence for a plateau value, i.e. region 
II, where the crack velocity becomes independent of the applied stress, because corrosion is 
controlled by the rate at which water can reach the tip of the crack. From Figure 144, one 
could see for example in 3YTZP or alumina ceramic, region II develops approximately at 
crack velocity above 10-4 ms-1 [160]. Whereas, the measurement of the ݒ-KI curve of this 
study was limited to crack growth rates below 10-4 ms-1, which could explain the absence of 
region II.  
For the solid state sintered materials there is no difference in crack velocity measured in air 
and in water and the very steep slope of the graphs suggest that for SS-SiC that data could 
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correspond to fast fracture (region III) only (no effect of water molecules on the crack 
propagation, even for slow crack rates). 
 
 
Figure 144: ࢜-KI curve of LP-SiC of this study and different ceramics from literature to illustrate 
the effect of environment on SCG [90, 105, 122, 190]. Note the shift in data measured in air and 
in water, which indicates the SCG due to stress corrosion between Si-O / M-O bonding of the 
materials and water. 
 
Hence, grain boundary chemistry is very important in determining the SCG. However the 
influence of grain morphology is also reflected in the exponent n, where it increases with 
grain size even within the same grain boundary chemistry, which suggests that coarse 
grained materials have more resistance to slow crack growth than fine grained materials. 
This is consistent with the work done on silicon nitride [120-122] with different grain sizes 
and hence different KIC, where the slope of region I is higher accompanied with a shift to 
higher KI for the coarse grains. In chapter six, it was described how ceramic materials can 
be toughened by different mechanisms such as grain bridging and crack deflection. Those 
toughening mechanisms tend to reduce the applied stress at the crack tip and stopping the 
crack from further propagation, thus avoiding fracture. It is also confirmed that larger grains 
exhibit stronger grain bridging than fine grains leading to higher KIC [68, 69, 178].  
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One could consider that the slow crack growth exponent, n, depends in some way on KIC. 
This dependency of n on the KIC of the LP-SiC is given in Figure 145 and compared to 
silicon nitride and alumina from literature [100, 120-122]. The obtained n values of LP-SiC 
are in a good agreement for silicon nitride with similar microstructure obtained by Himsolt et 
al. [121]. The data of the SS-SiC materials are not included in Figure 145 as the comparison 
is made for materials with glassy / oxides interphase. The authors proposed based on the 
obtained values of n, a relationship between KIC and n that could be expressed as follows 
[120, 121]: 
ICKCn            (7. 1) 
       
where, C is a constant. By substituting equation (7.1) into the power low of crack velocity 
and applied stress intensity, the following could apply [120]: 
ICCK
IKAv            (7. 2) 
          
From equation (7.2), one could say that the tougher material (higher KIC) will have a steeper 
slope in the (ݒ -KI) curve comparing to a material with lower KIC. This is consistent with the 
slow crack growth data of this study for both LP-Coarse and SS-Coarse comparing to the 
fine microstructure with lower KIC values. 
However, Pletka et al. [106] have another view regarding this correlation between n and KIC. 
Experiments in distilled water on fine and coarse alumina with different KIC show that the n 
value also depends on the test. Their results are also added to Figure 145, which shows for 
the same microstructure the measured n value obtained from the four point bending are 
much lower than the values observed from the double torsion tests. For the double torsion 
test, this could be due to the fact that the driving force for fracture decreases as the crack 
length increases, because the measurement data during relaxation start at high crack 
velocity with small crack length and going gradually to low velocity with long crack length. 
This gives a tendency for the crack to arrest in area with high toughness at low crack velocity 
and therefore this could explain the high n value obtained from the double torsion [106].  
In addition, Pletka et al. [106] did not take into account the compressive stresses caused by 
the unbroken ligament at the crack front during their calculation of the crack growth data. As 
explained in chapter four, those compressive stresses affect the value of the applied stress 
intensity and their contribution should be taken into account by applying a correction factor 
(m/k).  
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They also observed that the coarse grained system with higher KIC has lower n value 
compared to the fine grained materials measured in four point bending test. However, the 
latter is not in agreement with the observations of this study and the previous results from 
literature [120-122]. In fact, it is worth mentioning that the magnitudes of n irrespective of its 
relationship to KIC from their four point bend test fit quit well with other data in Figure 145. 
Whereas, the n values obtained from their double torsion test seem to be overestimated due 
to the reasons mentioned above. 
 
Figure 145: KIC versus slow crack growth exponent, n, for LP-SiC materials of this study and 
ceramics from literature [100, 106, 120-122]. All the lines are used to connect the 
corresponding points from the same materials to make it easier for the reader to follow the 
pattern and they are not used to predict any further tendency. The open green symbols are the 
only data showing n decreases with increasing KIC, which is not in agreement with the rest.  
 
The effect of grain morphology is also reflected in the (ݒ-KI) curve (Figure 137). In addition to 
high n values for the coarse grained materials irrespective of grain boundary chemistry, it 
also shows a shift to higher applied stress intensity values comparing to the fine grained 
system. In fact, Ebrahimi et al. [105] observed the same behaviour in alumina with different 
grain morphology. The (ݒ-KI) curve for coarse alumina with grain size of 12.7 µm has a 
higher slope (very steep) in region I accompanied with a shift to higher KI compared to fine 
alumina with average grain size of 1.9 µm, see Figure 146. 
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Figure 146: The effect of microstructure on the (࢜-KI) curve of alumina. Note that the curve of 
the coarse grains start at higher KI values compared to the fine grains. Also, the slope of 
region I is steeper (higher) than the one of the fine grains [105]. 
 
The shift to higher applied KI for tougher materials can be understood by considering the 
shielding zone around the crack tip. The applied stress intensity is equal to [160]: 
)()( aKKaK bridgingItipI          (7. 3) 
where, KI is the applied stress intensity, KItip is the stress intensity at the crack tip, Kbridging is 
the resistance to cracking due to bridging and a is the crack length. Since it can only be the 
actual stress intensity at the tip which drives the corrosion reactions, the (ݒ-KI) curve of a 
material with bridging will shift to higher remotely applied KI relative to the material with no 
bridging as discussed by Lawn [160] and illustrated in Figure 147. 
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Figure 147: Crack velocity versus applied stress intensity the (࢜-KI). Due to the bridging effect, 
the can shift to higher KI values comparing to a material with no shielding in its 
microstructure. Picture modified from [160]. 
 
Ebrahimi et al. [105] proposed that by removing the shielding zone, a single curve for both 
alumina could be obtained regardless of their microstructure by determining the KItip using 
equation (7.3). Hence, the difference in n values is removed if the slow crack growth is 
considered in terms of KItip [105]. Firstly, they measured the toughness as a function of the 
crack length (KIC(a)) for both fine and grained alumina using double torsion test. Then, the 
toughness due to bridging was obtained using the following relationship [105]: 
)0()( ICICbridging KaKK          (7. 4) 
    
where, KIC(0) is a constant value for a material independent of the total bridging shielding 
that might develop during crack extension. Now, the Kbridging versus crack length is illustrated 
in Figure 148 [105]. Figure 148 shows the remarkable increase in toughness of the coarse 
grained alumina up to a plateau value of 1 MPa m1/2 compared to 0.2 MPa m1/2 for fine 
grained alumina [105]. 
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Figure 148: Kbridging versus crack length of fine and coarse alumina using DT test. Note, the 
rising R-curve of the coarse grained comparing to the R-curve of fine grained alumina [105]. 
 
Using equations (7.3), one can obtain the stress intensity at the crack tip as follows: 
bridgingIItip KKK           (7. 5) 
       
Substituting equation (7.4) into equation (7.5), the following is true: 
)]0()([ ICICIItip KaKKK          (7. 6) 
       
or 
)0()( ICICIItip KaKKK          (7. 7) 
According to equation (7.7), KI from relaxations test and Figure 148, it is possible to 
calculate KItip at various crack length. The (ݒ-KItip) curve for both fine and coarse grained 
alumina is shown in Figure 149. Now both microstructures have the same crack growth 
parameter, n of 75 for region I and very similar (ݒ-KItip) [105]. They concluded that stress 
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corrosion mechanisms due to chemical reaction between water molecules and Al-O binding 
at the crack tip are the same and independent of grain size.  
 
 
Figure 149: The (࢜-KItip) curve of alumina. Note that the curve of the coarse grains and fine 
grains are shifted to lower stress intensity values, which corresponds to the stress intensity at 
the crack tip. Also, they have very similar slopes after removing the shielding [12]. 
 
It is worth mentioning that Ebrahimi et al. [105] considered a constant bridging effect during 
their calculation of KItip, however, this is not always true. For short cracks, the rising R-curve, 
which is illustrated by elastic bridging vary strongly with the applied stress intensity and 
crack length. During relaxation test using double torsion method, the applied stress intensity 
is decreasing with time and hence the elastic bridging will be decreasing as well. This means 
that bridging effect during the rising of the R-curve can no longer be considered constant. In 
the case of long crack to be on the saturated (steady state) R-curve; one would expect that 
frictional bridging plays an additional role in the R-curve. However, recent works have shown 
that elastic bridging contribution to toughness is considered much stronger compared to 
frictional bridging [54, 67, 84]. Therefore, for long cracks a constant bridging value may be 
considered assuming a very small effect of the frictional bridging. However, this should not 
give a change in the slope (n). 
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The approach proposed by Ebrahimi et al. [105] will always lead to a change in slope (n) 
irrespective of crack length. In fact, this can be demonstrated by substituting equation (7.7) 
into the power low equation of slow crack growth:  
n
ICICI KaKKAv )]0()([         (7. 8) 
or 
)]0()(log[loglog ICICI KaKKnAv        (7. 9) 
Considering that KI > KIC(a) > KIC(0), then a shift to lower stress intensity at crack tip is 
obtained, which is expected. However, equation (7.9) shows that if bridging KIC(a) is 
considered constant or variable, this will always lead to a change in crack growth exponent 
(n), which is not in agreement with Lawn (Figure 147) [160]. 
Taking into account the effect of elastic bridging as explained above, a new approach is 
proposed and compared to the one of Ebrahimi et al. [105]. Elastic bridging is a function of 
crack length, which increases with increasing crack length leading to the following:  
 
)(K
K)0()(K 
IC
I
bridging a
KaK ICIC 
       
(7. 10) 
     
The crack tip stress intensity can be found by substituting equation (7.10) into equation (7.5) 
the following applies: 
 
)(K
K)0()(
IC
I
a
KaKKK ICICIItip 
      
(7. 11) 
  
or 
IK)(
)0(1 


 
aK
KKK
IC
IC
IItip
        
(7. 12) 
  
or 
I
IC
IC
Itip KaK
KK 
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)0(
         
(7. 13) 
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where, KIC(0) for silicon carbide of this study is equal 2.0 MPam1/2 as explained in chapter 
six. Using the same power law equation of crack growth rate, the following applies:  
n
I
IC
IC K
aK
KAv ]
)(
)0([ 
         
(7. 14) 
and 
I
IC
IC Kn
aK
KnAv log
)(
)0(logloglog 


       
(7. 15) 
   
According to this, two different situations may occur. A change in slope is expected for 
elastic bridging for short cracks and on the rising R-curve. However, for sufficient long cracks 
to be on the R-curve plateau then considering KItip should not give a change in slope (n). 
Therefore, taking into account this conclusion and using equation (7.15), KItip is obtained for 
the four silicon carbides of this study and shown in Figure 150. In general, the KItip values of 
the four SiC materials are shifted towards lower stress intensity values, which are expected 
as KItip < KI, but the slope (n) for the four silicon carbide materials remains the same, which is 
consistent with Lawn’s observation [160]. 
 
Figure 150: The (࢜-KItip) curve of the studied SiC materials after removing the shielding. Note 
the shift to similar KItip values; however no changing in slope. 
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Based on the above, one would still ask why there is a difference in the observed n values 
for the different microstructures. One possible reason is that the measurement data of the 
(ݒ-KI) curve were collected for a situation corresponding to the region of the rising R-curve, 
then KIC should not be considered a constant value anymore and its value increasing as long 
as the crack length is increasing leading to different n for different microstructure regardless 
of its chemistry. From chapter six, it was shown that the elastic bridging stress during the 
rising R-curve for the LP-Coarse (188.7 MPa) is much higher than the one of LP-Fine 
(10.5 MPa). In fact, this shows that bridging effect due to elastic ligament is much more 
stronger in coarse grained than in fine grained and thus leading to different n values if 
measurements were taken in this region.  
Moreover, the R-curve of silicon carbide of this study reached its plateau value at crack 
length of 3-4 mm (Figure 99) and taking into account the double torsion test where all 
samples have pre-crack lengths of 2 mm before the relaxation test. Thus, it may be possible 
that data is collected during relaxation test in region where the R-curve is still rising for 1 mm 
of further crack growth. However, the changes in KIC in that region are very small, 
suggesting this does not explain the observation. It may be understandable that water 
diffusion into a crack tip with tortuous path is considered more difficult compared to a flat 
crack path. Coarse grained microstructures exhibit more tortuous crack path than in fine 
grained materials, which may explain the observed high n values for LP-Coarse and SS-
Coarse. 
7.3.2 Slow crack growth under cyclic loading 
Ceramic materials with rising R-curves are susceptible to fatigue crack growth under cyclic 
loading due to the degradation of toughening mechanisms such as grain bridging acting at 
the wake of the crack tip [129, 194-196]. In contrast, ceramics with no R-curve show more 
resistance to cyclic fatigue due to the absence of deteriorating contributions to toughness 
and in such materials fracture either occurs catastrophically or not [128, 197]. In this work, 
the SS-SiC materials are good examples of such brittle ceramics and in addition they both 
showed transgranular fracture behaviour. Therefore, the SS-SiC materials didn’t suffer from 
cyclic fatigue crack propagation.  
Additionally, they both fractured instantly once they reached their fracture toughness load, 
which was expected. This result is consistent with the work of Horibe et al. [128] on boron-
carbon doped SiC. Their material didn’t show any sign of cyclic fatigue crack growth after 
5x105 cycles and fractured transgranularly as soon as KIC value was reached. They 
concluded that ceramic materials with transgranular fracture surface should not suffer from 
cyclic fatigue loading. The mechanisms behind this behaviour was further investigated by 
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Yuan et al. [141]. They showed that brittle silicon carbide material with KIC of 3 - 4 MPam1/2 
was insensitive to cyclic fatigue at room temperature, even though its microstructure 
consisted of elongated grains distributed inside fine grains matrix, which is similar to the 
microstructure of SS-Coarse of this work. The presence of the elongated grains was not 
sufficient to stop the crack from propagating transgranularly through the grains and as a 
consequence no grain bridging were developed behind the crack tip.  
In the case of LP-Fine, no crack growth extension was observed near KIC values, even 
though this material shows a moderate increase in fracture energy with crack length. This is 
consistent with the work of Horibe et al. [117] on fine grained silicon carbide sintered with 
aluminium [117]. Based on their static and cyclic fatigue tests, they observed that crack 
propagation was time dependent rather than cycle dependent. This means that their material 
suffers only from environmentally assisted failure and no apparent cyclic fatigue. 
Furthermore, grain bridging ligament strength and the bridging zone length depend on grain 
size, hence grain bridging is considered weaker in fine grains comparing to coarse grains 
[198]. Therefore, one would assume that degradation of such weak bridging is not sufficient 
to show remarkable cyclic fatigue.  
In fact, Kishimoto et al. [140] supports this view by studying the effect of grain size on cyclic 
fatigue of alumina. They showed that the rising R-curve before and after cyclic loading did 
not change significantly for fine grained alumina, Figure 151. As a matter of fact, the R-curve 
shows a slight decrease with increasing crack length. However, the opposite is true for the 
coarse grained material, where the R-curve is increasing with crack length under cyclic 
loading. This suggests that bridging resistance is more noticeable in coarse grained than in 
fine grained, which makes it more susceptible to cyclic fatigue. 
180 
 
 
Figure 151: R-curves of fine and coarse grained alumina. Solid symbols are before cyclic 
loading and open symbols after cyclic loading. Note the small decrease in R-curve of fine 
alumina and the rising R-curve of coarse alumina. Picture redrawn from [140]. 
 
The LP-Coarse of this study did not fracture directly after reaching KIC values as in the case 
for the previous three materials. However, it fractured after 8-10 cycles, which suggests that 
this material could suffer from cyclic fatigue. The fact that LP-Coarse did not show 
immediate fracture could be due to the fact that the applied load was not high enough to 
overcome the elastic bridging to allow crack propagation and develop sufficient bridging 
zones as it was proposed by Guiu et al. [137]. However, if the applied load was increased to 
KIC, there was no sufficient time for stable crack propagation and fracture occurs after 10 
cycles. Based on this result, two assumptions can be made: either the specimen fails before 
developing any bridging hence there is no chance for showing resistance to cyclic fatigue by 
wear these bridging or the remarkable R-curve of this material consists mainly from elastic 
bridging and frictional bridging contribution could be neglected. From toughness 
measurement using the DCB test (Figure 99) the R-curve of LP-Coarse was reaching its 
saturated value at crack length of 3 mm and the pre-crack length of the studied cyclic test 
was around 4 mm. This means that there should be enough grain bridging zone developed 
around crack length of 4 mm. Thus, assumption one may not valid here.  
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In order to illustrate the effect of bridging (assumption two), two hypothetical situations are 
represented in Figure 152, both of which have a remarkable rising R- curve. It is worth 
mentioning that for long cracks in both cases the R-curve saturates at the same value, 
however, they experience different proportion of elastic to frictional bridging. Situation one 
shows R-curve behaviour of a material experiencing a limited contribution of elastic bridging 
comparing to that in situation two. The saturated value is reached after a shorter rising slope 
than that in situation two, which indicates a remarkable contribution of frictional bridging. 
Therefore the material corresponding to situation one can be considered an excellent 
candidate to exhibit cyclic fatigue. On the other hand, the material represented in situation 
two has a steeper slope and narrower region for frictional bridging, which improves its 
resistance to cyclic fatigue. Based on Figure 152 and the cyclic fatigue result of LP-Coarse, 
one would assume that the R-curve of this material may be similar to that displayed in 
situation two. 
 
 
Figure 152: R-curve behaviour of two different situations. Situation one with limited rise 
(elastic bridging), while situation 2 with remarkable steep rise. 
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Another possible explanation of the absence of cyclic fatigue of LP-Coarse is due to the fact 
that the test was performed under tension-tension loading, which may not result in enough 
stress for crack growth as suggested by Ewart et al. [131] and Reece et al. [132]. They 
proposed that under compressive loading the crack will have the tendency to close or to 
reduce its opening displacement. However, wedging of the crack faces by hard particles 
(debris or asperity) under compressive loading will prevent crack closure by applying an 
opposing force. Therefore, this produces an increase in stress intensity at the crack tip 
allowing further crack extension.  However, this effect is not possible under complete tensile 
loading, which may explain the absence of crack propagation during this work.  
 
7.4 Conclusions 
The slow crack growth (SCG) behaviour of silicon carbide with different microstructure and 
chemistries was studied by constant stress rate and double torsion test. It was seen that 
both the grain boundary chemistry as well as the microstructure played role in SCG 
behaviour. The chemistry dominates in that SiC containing oxide phases showed clear 
evidence of slow crack growth whereas it was virtually non-existing in the SS-sintered 
materials. It is suggested that the glass interphase present at triple junction of grains and the 
oxide complexions along the grain boundaries make those materials prone to stress 
corrosion. However, materials such as SS-SiC with covalent bonds and no glass or oxides in 
their microstructure are immune to slow crack growth. This is also reflected in their high 
values of slow crack growth exponent, n, which is five times higher than for LP-SiC. From 
the ݒ-KI curves, the LP-SiC showed behaviour more consistent with region I for the velocities 
tested, in contrast to the SS-SiC materials where only region III was observed, confirming 
further their immunity from slow crack growth. 
In terms of microstructure, larger grains increase the value of the measured slow crack 
growth exponent, n, which suggests a reduced sensitivity to slow crack growth. The same 
behaviour has been also observed in other ceramics with higher slope of region I for larger 
grains comparing to fine grained materials. This bridging could shift to higher stress intensity 
values [160]. A careful analysis for elastic bridging effect which are the strongest anyway 
showed that removing the bridging will shift the ݒ-KItip curves but will not affect the slope 
provided the cracks are in the plateau region of the R-curve. Possible reasons for the 
difference in measured n values are therefore that measurements are being made while the 
elastic bridging is still increasing, or a real effect of microstructure on slow crack growth 
where coarse grains resist it better than fine grains [85].  
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A limited number of cyclic fatigue tests in air were conducted on the studied SiC materials. 
For all the studied materials no apparent cyclic fatigue was observed. It is proposed that the 
solid state sintered materials are immune to cyclic fatigue due the lack of toughening 
mechanisms, which is in good agreement with other studies [117, 141]. In the case of LP-
Fine, this could be due to the weak grain bridging behind the crack tip that did not allow 
strong frictional pull out resistance during loading, which is also consistent with observations 
elsewhere [140]. The LP-Coarse with remarkable rising R- curve did not show a major cyclic 
fatigue, which is not expected. This could be due to the fact that the R-curve of this material 
consists mainly from elastic bridging and the frictional bridging region is very limited or 
tension-tension loading may not produce enough forces to accelerate crack growth. 
However, further work is needed to establish whether LP-Coarse can or cannot be 
considered immune to cyclic fatigue. 
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8 General discussion 
Silicon carbide’s properties such as a high specific stiffness, low thermal expansion and high 
thermal conductivity, make it an interesting structural material for space applications. Indeed 
silicon carbide is playing an increasingly more prominent role in the European Space 
Agency’s scientific missions. A good example is the 3.5 m diameter silicon carbide primary 
mirror on ESA’s Herschel telescope [1]. Since minimizing the mass of space components 
requires ideally that the materials can carry as much load as possible, using a high 
toughness silicon carbide appears appealing. Moreover, due to the wear resistance and 
chemical inertness of ceramic materials, silicon carbide is becoming a potential candidate for 
biomedical applications such as orthopaedic implants [2, 3], where the components will be 
stressed for prolonged time in wet environments and here slow crack growth plays an 
important role in reducing strength and hence shortening the service lifetime of such 
components. 
From chapter six, it was clearly demonstrated that toughness of silicon carbide can be 
improved by manipulating the grain boundary chemistry using liquid phase sintering so that 
fracture occurs through an intergranular failure along the weak grain boundaries leading to 
crack deflection and grain bridging, hence improving toughness. Further increases in the 
toughness were also achieved by modifying the grain morphology from fine to coarse grains 
in both chemistries; however the improvement in toughness due to alterations of the grain 
morphology is more effective in LP-Coarse compared to SS-Coarse. By combining both 
elements, a toughness of 6.5 MPa m1/2 is obtained for LP-Coarse, which is almost two times 
higher than the one obtained for SS-Coarse.  
The static fatigue of silicon carbide was investigated and discussed in chapter seven. The 
same grain boundary chemistry that is responsible for improving the toughness makes the 
liquid phase sintered SiC more susceptible to slow crack growth in wet environment 
compared to the solid state sintered SiC. Albeit it that grain boundary chemistry was clearly 
the dominant effect, surprisingly, microstructures with larger grains were found to be less 
sensitive to slow crack growth than materials with fine grains.  
In addition to high toughness and less sensitivity to slow crack growth, one should also 
consider high strength reliability. It is known that the use of ceramic materials is limited in 
many applications due to the low strength reliability or the large variability in distribution of 
crack size and shape [199]. For identical specimens under identical loading conditions, the 
strength can vary unpredictably from sample to sample making it less reliable for 
engineering design [153]. Therefore, in order to understand the performance of silicon 
carbide materials and be able to design with them, one may consider the relationship 
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between the variation in mechanical properties in terms of toughness and strength and the 
slow crack growth behaviour. In this chapter, predictions of the allowable stresses as a 
function of the service life of the studied materials will be made so that the relevance of all 
property measurements carried out can be highlighted. Since flaws can be introduced during 
production of the materials or by accidental damage after production, the material selection 
problem will be considered both for artificial flaws introduced by an incident as well as for the 
natural defects. In both cases the slow crack growth parameters in wet conditions will be 
used as a worst case scenario in terms of a reduction in allowable stress with desired 
service life. 
8.1 Effect of an artificial flaw 
It is known that ceramic materials fail from pre-existing flaws, which can be introduced during 
processing and as such are inherent to the material. However, flaws can also be introduced 
during handling or arise from machining damage. In this section an attempt is made at 
comparing the materials from the point of view of their ability to withstand damage 
introduced after production. To account for the inherent differences in damage tolerance of 
the different materials, it was decided to investigate what the effect would be of the 
introduction of a large flaw due to the same damage event, rather than to compare the 
materials’ performance in the presence of a flaw of the same size. In other words an attempt 
is being made to judge how the materials would be affected by a certain incident such as the 
dropping of a tool on the material or a lack of care during packaging components. Since data 
had already been collected for the strength after introducing a defect by Vickers indentation 
to 2 kg, see Chapter 7, this situation is therefore analysed in terms of the stress that can be 
applied as a function of the desired service life for the different materials. It is clear that a 
material which allows higher stresses to be applied is more desirable. Given the differences 
in slow crack growth behaviour such ranking might well depend on the service life desired. 
Since the size of the pre-existing defect, ai, is known, or can be calculated from the inert 
strength, inert, and toughness, KIC, of the material after introduction of the damage: 
2
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(8. 1) 
where, Y is a geometric constant depending on the type and shape of flaw. In this analysis, 
Y is taken as 1.12, which corresponds to small crack length [200]. 
The only consideration that must be made is how fast failure will occur if a constant service 
stress were to be applied. During slow crack growth in wet environment, such pre-existing 
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cracks will grow at stress level much lower than the critical value and fracture will occur once 
the crack length reaches a critical value at a given stress. From fracture mechanics the 
following applies for a specimen under tensile loading (σ) with a certain crack length (a) 
[160]: 
 aYKI           (8. 2) 
The slow crack growth rate can be calculated using the power law equation [160]: 
n
IKAdt
da 
          
(8. 3) 
Substituting equation (8.2) into equation (8.3), the following is true: 
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da )(            (8. 4) 
Separation of the variables yields: 
dtYAdaa nnnn 2/2/           (8. 5) 
Integrating with respect to crack length and time yields: 
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where, af and ai are the final and initial crack length and tlife is the predicted lifetime. 
The initial and final crack lengths are calculated using equation (8.1). The measured inert 
strength in oil from the constant stress rate test and the measured KIC values from SENB 
test are used to obtain ai and the variable service stress values are used to determine af. For 
each calculated final crack length and using the slow crack growth parameters A and n, 
(Table 14), the expected lifetime is obtained for the studied materials using equation (8.6) 
and plotted against the applied stress in Figure 153. 
Using the information provided by Figure 153, it is noticeable that LP-Coarse can be used in 
applications at much higher stresses and survives the same lifetime compared to the other 
three materials. This shows that the toughest silicon carbide (LP-Coarse) of this study even 
when taking into account its lower resistance to slow crack growth compared to the solid 
state materials, can be considered superior to the rest. LP-Fine clearly shows a very poor 
strength performance compared to the other three materials. This suggests that having 
coarse grains in the liquid phase sintered materials are advantageous for the long term 
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strength performance. However, this is not the case for the solid state sintered materials due 
to the similar strength performance for the same lifetime.  
Table 16 gives an idea of how long a material will survive under which applied constant 
stress. It is worth mentioning that the stress variation in the SS-SiC in general is lower than 
in the case of LP-SiC. However, LP-Coarse can survive higher applied stresses than SS-
Coarse for any realistic lifetime for a component. For example, LP-Coarse will need 1016 
years to cross over with SS-Coarse, which is much longer than the lifetime of the universe 
(13x109 years). 
 
Figure 153: Service lifetime as a function of applied constant stress of the studied silicon 
carbides. Data is obtained using slow crack growth parameters in water and inert strength with 
an artificial flaw introduced by indentation. 
 
Table 16: Service lifetime at constant applied stress using fracture mechanics and slow crack 
growth data in water. 
Material 
Applied stress, MPa, for time 
1
Year 
10
Years 
100 
Years 
LP-Fine  100 95 90 
LP-Coarse  251 243 235 
SS-Fine  164 162 159 
SS-Coarse  159 158 157 
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8.2 Effect of natural flaws 
Strength measurements from natural defects in ceramic material can show significant 
variation for identical samples due to the different flaw size, shapes and distribution within 
the sample [153]. In order to estimate accurately the reliability of a component, one must 
know with some certainty the flaw distribution and the stress state in that component. The 
flaw distribution can be measured indirectly by measuring the strength distribution and can 
be statistically analysed using the Weibull distribution function. Weibull distribution function is 
widely used for ceramics due to the fact that ceramic strength values distribution has an 
asymmetrical distribution [201]. In general, strength distribution curve in ceramics can start 
with low strength values which gradually increase to a maximum value and decrease 
dramatically in the higher strength region. Given the sometimes large variation in strengths, 
using a normal distribution can lead to a non-zero-probability of failure at zero applied stress, 
which is not physically meaningful [154]. 
If failure is to be by natural defects only, then this requires an environment where the 
handling of ceramic components will be given sufficient care. This is a realistic expectation 
for the space industry, which assembles telescopes and other scientific instruments in clean 
rooms and imposes strict rules on handling and on the reporting of incidents. For implants 
and other biomedical applications involving humans a similar level of care will probably be 
needed if insurance cover is to be possible. Hence it is worth considering natural defects 
only as there are a range of applications where external damage will not be an issue. 
Figure 154 shows the measured strengths of each material based on 17 measurements 
using four point bending in air at 1 mm min-1 testing speed versus the ln(-ln(1-Pf)), which is 
determined using the steps explained in chapter four. The Weibull parameters; Weibull 
modulus (m) and the characteristic strength (σ0) are determined from the slope and intercept 
of Figure 154 respectively and are listed in Table 17. Weibull modulus represents the scatter 
band of the strength distribution, where higher value gives less scatter and hence more 
reliability during design. The characteristic strength (σPf=63.2) represents the strength at which 
63.2% of the samples will have failed.  
The obtained m values are in line with typical values ranging from 3 to 12 for ceramic 
materials [201]. Care was taken to ensure all specimens had the same surface finish prior to 
testing so that the values obtained here must be related to real differences between the 
materials. The very low m values obtained for the SS-SiC indicate that the crack lengths are 
non-uniformly distributed within the material. On the other hand, the LP-SiC specimens show 
a higher Weibull modulus suggesting a more uniform distribution of flaws with less strength 
variation between different specimens of the same material. This is consistent with the 
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observation made in Chapter 6 that in the liquid phase sintered materials, the critical flaw 
size is related to the grain size and given the efforts made in controlling the grain size can be 
expected to be repeatable. For the solid state sintered materials, the flaw size did not 
depend on grain size and therefore finds it origin in other processing defects such as carbon 
inclusions, which by their nature are more variable. From the equivalent defect sizes 
calculated from the strengths at given probabilities of failure, see Table 17, it is clear that the 
higher variability of flaw sizes and lower strengths in the SS-sintered materials does not 
necessarily mean larger flaws: the flaws in the LP-coarse material are on average larger but 
thanks to its high toughness this does not affect the strength as much. 
This difference in the origin of the flaws has other consequences as well. Where in the solid 
state sintered materials there is an opportunity for improving the strength by careful 
optimisation of the processing to remove the largest flaws as advocated by Lange [202], 
there will be very limited scope in the liquid phase sintered materials for strength 
improvement as the critical defects are related to the size of the grains. The only obvious 
optimisation would be to find the optimum combination of strength and toughness, i.e. the 
ideal grain size distribution. Hence it is entirely conceivable that solid state sintered materials 
with higher strengths and Weibull moduli can be produced or in fact are in existence1. In the 
discussion below, this is not accounted for, but if this is shown to be the case this could 
obviously alter some of the statements and conclusions.  
 
                                                
1 For example BOOSTEC® claims a characteristic strength of 400 GPa and a Weibull modulus of 11 for their SS‐
SiC. 
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Figure 154: Weibull distribution diagram for the four SiC materials. Dashed lines showing the 
probability of failure equals 5 and 63.2%. 
 
In order to determine the strength versus lifetime based on natural defects, two cases of time 
dependent strength are considered in this analysis. For case one, the initial strength value 
corresponds to 5% probability of failure (lower limit) and case two contains an initial strength 
of 63.2% probability of failure (upper limit), Table 17. The lifetime under constant stress is 
calculated using the approach explained in the previous section using again the SCG data 
for water as a worst case scenario, and the results are displayed in Table 18. 
Table 17: Characteristic strength at Pf = 63.2%, strength at Pf = 5%, Weibull modulus and defect 
sizes at different probability of failure to illustrate flaw variation for the studied SiC. 
SiC σ Pf=63.2% 
GPa 
σ Pf=5% 
GPa 
m 
- 
ai Pf=5% 
μm 
ai Pf=50% 
μm 
ai Pf=95% 
μm 
LP-Fine 650 ± 37 430 8.3 ± 0.6 24.2 11.5 8.81 
LP-Coarse 457 ± 17 380 13.2 ± 0.5 74.2 55.9 35.8 
SS-Fine 362 ± 60 170 2.8 ± 0.5 89.9 34.1 8.59 
SS-Coarse 417 ± 55 220 3.6 ± 0.6 71.8 26.2 11.0 
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From Figure 155, it can be seen that at the lower end of the probability of failure scale (5%), 
the LP-Coarse again shows a superior strength even for a long service life compared to the 
rest. Lifetime predictions of LP-Coarse after 1 day and 10 years indicate an allowable stress 
reduction of 6% and 13% respectively. On the other hand, LP-Fine shows a dramatic 
allowable stress deterioration of 20% and 25% after 1 day and 10 years respectively, Table 
18. Moreover, if a survival time of 1 year is required, the applied stress cannot exceed 
156 MPa compared to 256 MPa for LP-Coarse. SS-Fine has a moderate allowable stress 
degradation of 14% if 10 years of service is needed, while the allowable stress of SS-Coarse 
decreases by 6% only after 10 years. This result suggest that coarse grained material and 
hence higher toughness show better strength performance for 10 years of service compared 
to the fine grained materials. 
For case two, where initial strength at higher probability of failure (63.2%) is used, SS-
Coarse shows better performance after 1 and 10 years than LP-Coarse. The SS-Coarse 
shows a decrease in allowable stress of only 5% after 10 years compared to 17% of 
allowable stress degradation in LP-Coarse, Table 18. Both LP-Fine and SS-Fine show 
strong reductions in allowable stress of 25% and 14% respectively after 10 years of service 
time in addition to the very low applied stresses. This change in the ranking as the 
acceptable probability in failure is altered, is not surprising when the Weibull plots in Figure 
154 are considered: the gap in allowable stress between the different materials decreases 
strongly as the stresses become higher and at the higher end of failure probabilities the inert 
strengths become equal. Since the solid state sintered materials suffer less environmental 
cracking, they will outperform the liquid phase sintered materials in the high stress regime. 
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Table 18: Calculated fracture strength of the four studied silicon carbides for different lifetime 
with failure probability of 5% and 63.2%. 
Material 
Probability of 
failure 
Applied stress, MPa, for time  
1
Day 
1
Years  
10
Years 
100 
Years 
1000 
Years 
LP-Fine  5% 179  156  149  141  135 
63% 267  233  221  210  199 
LP-Coarse  5% 280  256  250  239  289 
63% 337  309  296  233  278 
SS-Fine  5% 138  131  129  127  126 
63% 290  278  273  269  264 
SS-Coarse  5% 178  175  175  174  173 
63% 336  332  331  329  327 
 
The SS-Coarse shows a better performance for stresses used at higher probability of failure 
(63.2%) compared to those at 5% probability of failure, see Figure 156 and Table 18. In 
general maximising the stresses in a component enhances the material efficiency and hence 
allows reducing the mass of components. Hence high applied stresses are highly desirable. 
Whether a 63.2% probability of failure, i.e. more than 1 in 2 components will fail, is 
problematic depends on whether the risk can be mitigated appropriately and the value 
gained in using such high stresses. If the price of a component is too low to warrant 
producing roughly double the number required, then obviously lower stresses must be 
selected, whereas if an ambitious project becomes possible only if high stresses are used, 
the cost of manufacturing spare components could easily be negligible compared to the total 
cost of the project.  
Moreover, a stress level associated with a high probability of failure, need not translate in a 
high probability of failure in the application. For example, in order to assure reliability in 
materials, proof testing may be considered. During proof testing, the component will be 
stressed to the load required to qualify the component for the service life desired. In this 
way, the weak components can be disregarded before they can be used in the service. 
Thus, proof testing in principle increases the probability that a component will survive the 
worst service loads and has the expected lifetime to 1. However, this 100% certainty can 
only be reached if the proof test is fully representative of the stresses seen in service. 
From the above, one may conclude that at lower fracture probability, i.e. for relatively 
inexpensive components or components where no realistic proof test strategy can be 
devised, the LP-Coarse is superior as its high toughness leads to less variability in strength 
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and the slow crack growth in such situations does not really affect the time of survival 
performance in wet conditions. However, if using the material near the highest stresses is an 
essential condition, it seems that the SS-Coarse looks an appealing candidate to be 
considered. It must be stressed that accidental damage remains a possible threat to 
performance and hence any proof test strategy should ensure that the proof test is carried 
out as late as is practically possible in the construction process. 
 
 
 
Figure 155: Allowable stress versus lifetime for silicon carbide with different microstructures. 
The data is obtained from initial strength value at Pf = 5%. 
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Figure 156: Allowable stress versus lifetime for silicon carbide with different microstructures. 
The data is obtained from initial strength value at Pf = 63.2%. 
 
8.3  Conclusions 
This chapter complements the work in the previous chapters, where the importance of grain 
boundary chemistry and grain size distribution for mechanical properties such as strength, 
toughness and slow crack growth was investigated, with an assessment of what these 
properties mean in reality when a material is to be selected for a given application. 
It was shown that the larger damage tolerance of materials with a higher toughness 
enhances their ability to continue to perform at higher stresses after a large defect has been 
accidentally introduced. This is a consequence both of the fact that such accidental damage 
will be more limited when the toughness is higher as well as their ability to withstand higher 
stresses for a given defect size. The effect of the slow crack growth as a result of introducing 
oxides on the grain boundaries is not sufficient to alter the ranking between materials in 
terms of their deterministic allowable stress after such a damage event and therefore if such 
damage is likely to occur, the liquid phase sintered SiC with coarse grains is without doubt 
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the best material to use, followed by either of the solid state sintered SiC’s and finally the 
liquid phase sintered fine grained material. The latter’s poor position suggests that if oxide 
additives are to be used, a coarse grained material with high toughness is highly desirable. 
In a second case, the allowable stress in terms of the natural defect population was 
considered as a function of the service life. By considering both the case for a low probability 
of failure (5%) as well as one in which a much higher probability of failure is tolerated 
(63.2%), it was shown that the ranking of the materials alters when the stress level at which 
it is to be used changes. This is a consequence of the difference in strength determining 
defect distributions for solid state sintered materials and materials where oxide additives give 
rise to liquid phase sintering. In the latter, the strength determining defects are related to the 
grain size and since great effort was spent in creating well defined grain size distributions, 
the variation in strength is limited.  
In contrast, in solid state sintered materials the strength determining defects are not related 
to the grain size but to some other, more random, processing defects such as carbon 
inclusions and hence their Weibull modulus is markedly lower because such defects are 
inherently more variable. In this situation, material selection largely depends on the 
acceptable probability of failure of a component, or in practice the number of components 
that will have to be produced to guarantee the survival of one component in a pre-application 
proof test. For low cost components, where even the cost of a proof test might be excessive, 
the coarse grained liquid phase sintered material again is the material of choice as at low 
probabilities of failure it can carry higher stresses for any conceivable service life. For 
mission critical components, where the stresses in components must be as high as possible 
and where the cost of the component can be a negligible fraction of the total cost or where 
the price of the component can be set high enough to cover additional costs in certifying 
performance, the solid state sintered SiC emerges as the material of choice: at high 
probabilities of failure its strength becomes equal to the strength of the liquid phase sintered 
materials. It gains the advantage because for the liquid phase sintered materials slow crack 
growth at high applied stress reduces the allowable stress level substantially.  
As discussed the treatment given here is for the materials as they were produced during this 
work and does not take into account the improvement in strength that might result from 
optimisation of the processing of the solid state sintered materials. The probability of failure 
where the solid state sintered materials would become the best will decrease in line with the 
strength improvements that can be realised.  
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9 Conclusions and future work 
9.1 Conclusions 
Four different silicon carbide materials with different grain sizes and grain boundary 
chemistries were successfully produced. Two different grain boundary chemistries were 
obtained using liquid phase sintering with alumina and yttria and solid state sintering using 
boron and carbon. For each chemistry, a fine grained and a coarse grained SiC were 
obtained. Oxide complexions consisting of aluminium, yttrium and oxygen along the grain 
boundaries and glass pockets at triple junctions of LP- SiC materials were observed. In the 
case of the solid state materials, no glass or oxide complexions were observed anywhere. 
Using liquid phase sintering and introducing elongated grains, the fracture toughness was 
improved by a factor two. This improvement in toughness is due to the weak grain 
boundaries and the thermal expansion mismatch between the grain boundary complexions 
and the matrix enhancing crack deflection and grain bridging. This effect was found for very 
long cracks for LP-SiC only. On other hand, the four studied materials exhibit a strong 
increase in KIC for short cracks. Moreover, the values of the short range closing forces were 
increasing with increasing grain size. This was expected for materials with intergranular 
fracture, but not for materials showing transgranular failure. It is proposed that the residual 
stresses due to thermal expansion anisotropy in SiC are responsible for this behaviour 
irrespective of grain boundary chemistries. Due to these stresses, some grains tend to stop 
the crack by forcing it to grow round them rather than through them and that the effect is 
stronger when the grains are larger. 
The grain boundary chemistry as well as the microstructure played a role in slow crack 
growth behaviour; however the effect of chemistry is more dominant. This indicates that the 
glass pockets present at triple junction of grains and the oxide complexions along the grain 
boundaries make those materials prone to stress corrosion. However, materials such as SS-
SiC with microstructure clean from any glass or oxides are immune to slow crack growth. 
This result is reflected in the high values of slow crack growth exponent, n for SS-SiC 
materials.  
It was observed that elongated grains increase the value of the exponent, n, which suggests 
a reduced sensitivity to slow crack growth. It was found that removing the bridging will shift 
the ݒ-KItip curves but will not affect the slope, provided the cracks are in the plateau region of 
the R-curve, which indicates that the explanation given in the literature is invalid. However, 
possible reasons for the difference in the measured n values for materials with the same 
grain boundary chemistry are that measurements are being made while the elastic bridging 
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is still increasing or a real effect of the frictional bridging may be considered where coarse 
grains resist it better than fine grains.  
For the studied silicon carbide materials, no apparent cyclic fatigue was observed. This is 
expected for brittle materials such as SS-SiC due the lack of toughening mechanisms. In the 
case of LP-Fine, it is proposed that this is due to the weak grain bridging behind the crack tip 
that did not allow strong frictional pull out resistance during loading. On the other hand, LP-
Coarse with remarkable rising R- curve did not show a major cyclic fatigue, which is 
surprising. It is suggested that the R-curve of this material may consist mainly from elastic 
bridging and the frictional bridging region is very limited. 
Lifetime analysis showed that materials with a higher toughness improve their ability to 
continue to perform at higher stresses after a large defect has been accidentally introduced. 
Moreover, it was observed that the effect of the slow crack growth as a result of introducing 
oxides on the grain boundaries did not affect the long term strength performance. This 
explains the superior performance of LP-Coarse compared to the other three materials 
followed by SS-Coarse. Both LP-fine and SS-Fine showed poor strength performance. 
On the other hand, if one may consider the effect of natural defects, a mixed behaviour was 
observed. At low probability of failure (5%), LP-Coarse is still considered to be the best 
material. Whereas, at higher probability of failure (63.2%), SS-Coarse is showing to be more 
appealing candidate for service lifetime of 4 days or more. It is suggested that this difference 
may be due to the difference in strength determining defect distributions. For LP-SiC, 
strength determining defects are related to the grain size and as the microstructure consists 
of homogenously distributed grains, the variation is more limited. On the hand, for SS-SiC 
contains more random processing defects such as carbon inclusions and its distribution can 
be more variable, which is reflected in the low Weibull modulus. Therefore, material selection 
in this case will depend on the acceptable probability of failure of a component for a specific 
application and any improvement by defect removal will enhance the allowable stress.  
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9.2 Future work 
It was not possible to measure the crack tip stress intensity using the DCB test and 
therefore, a value of 2.0 MPa m1/2 was assumed during the calculation. However, this 
parameter can be measured using a very stiff test device as proposed by Fett et al. [182] 
Figure 157. Stable crack growth is obtained using three point bending and R-curve 
measurement for short cracks < 5 µm are obtained using compliance evaluation via 
displacement control. The effective applied load acting on the sample is measured by a 
quartz load cell. The displacement is recorded using an inductive displacement sensor. The 
actual crack lengths were measured using the compliance method outlined by Li and Moelle 
[169]. 
 
 
Figure 157: Schematic drawing of customized stiff test rig to measure the R-curve near the 
crack tip, picture modified from [182]. 
 
A 3D reconstruction of the crack front including the crack tip using FIB technique was not 
possible in this work. Nevertheless, a 3D reconstruction of the crack front near the crack tip 
can be obtained using Avizo software, provided stability of the crack during milling. 
Moreover, there is a need for optimizing the FIB imaging of the crack’s front before 
reconstruction in order to enhance the contrast between cracks and solid. Vacuum 
impregnation is one method of achieving this by filling the pores and cracks using epoxy 
resin and curing the resin under vacuum condition.  
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The cyclic fatigue of LP-Coarse did not show a distinctive behaviour, which was not 
expected for materials with remarkable bridging mechanisms. Therefore, conducting cyclic 
fatigue using different test method is highly recommended to confirm whether this material is 
or not susceptible to cyclic fatigue. Stable crack growth under cyclic loading can be obtained 
using for example compact tension (CT) testing as suggested by Guiu et al. [203]. Standard 
geometry of CT samples can be machined according to the ASTM standard E647-08 [204]. 
Crack lengths can be monitored using electrical-potential measurements across NiCr thin 
film on the specimen surface as it is suggested by Gilbert et al. [138] and in this way no need 
for test interruption, Figure 158. 
 
 
 
Figure 158: CT specimen with a procedure to measure the crack length using thin metallic film 
evaporated on the specimen's surface. Picture modified from [138]. 
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